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ABSTRACT
A detailed investigation has been carried out to study the 
effects of heat treatment on the susceptibility to temper 
embrittlement (Ductile-Brittle transition temperature and low 
energy fracture characteristics) of eleven experimental 
steels.
These experimental alloys represented a range of 
compositions related to engineering steels and corresponded to a 
nominal composition of 0.34 mass%C with alloying additions of Cr, 
Ni and Mo in varying combinations. These alloys were doped with 
P and Sb to study the effect of these additions on the 
susceptibility to temper embrittlement. These steels were 
investigated in the pearlitic, bainitic and tempered raartensitic 
conditions to establish the role of microstructure.
Heat-treated alloys were characterised by fracture studies 
including Izod impact testing and subsequent electron microscopy.
Simultaneous Auger electron spectroscopy and energy 
dispersive X-ray analysis coupled with with Secondary Ion Mass 
Spectrometry were used to study the fracture surfaces and bulk 
compositions of the embrittled structures.
It has been established that intergranular embrittlement in 
a quenched and tempered martensite microstructure was associated 
with the presence of P, whereas the initial intergranular 
embrittlement in a bainitic microstructure was associated with 
the segregation of Sb. It is suggested that the lower C activity 
produced in tempered martensite structures allows P migration to 
the grain boundaries causing intergranular embrittlement which 
was attributed to the development of My0 3 *
Alloys in isothermally transformed bainitic condition showed 
that the predominant carbide precipitate was M 3 C which increased 
the C activity at the prior austenite grain boundaries with a 
resultant decrease in P concentration and consequently an absence 
of intergranular failure in the early stages of embrittlement.
The increased C activity continued to prevent appreciable P 
segregation but was not sufficient to inhibit the co-segregation 
of Ni and Sb after extended ageing times when the bainitic alloys 
began to fail by intergranular fracture. After prolonged ageing 
increased Ni and Sb concentrations at the grain boundaries were 
associated with the formation of a fine grain boundary 
precipitate which was low in Cr. The tendency to fail by the low 
energy intergranular mode of failure was always greater in the 
tempered raartensites, even when the bainites were significantly 
harder.
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CHAPTER 1 
LIT E R A T U R E  REVIEW
1 . 1 Introducti on
Materia] failure occurring along any interface or 
simple path without any co nsiderable  deformation and
y i e ld in g may be termed brittle failure.
M ode rn electron microsc opy and surface analytical
t e c h n i q u e s  demonstrate that fracture can occur precisely 
along the grain boundary plane and across the bonds formed 
between the segregated impurity and matrix atoms.
The segregation levels of some im purities can now
be direct ly related to the material and its t h e r m o ­
mechan ica l history. The problem remains to relate fracture 
p r o p e r t i e s  to the chemical state of the grain boundaries . 
In fatigue ^  hydrogen em bri ttlem ent, ^  stress
c o r r o s i o n  cracking and emb ri ttleme nt  in a liquid
f 6 lmetal en vir onment LJ the fractures are also a s s o ciat ed  
with the precise atomic structure of the grain boundary, 
but they occur acco rding to different atomic m e c h an isms
and so in each case, a different atomic property of the 
s eg re gant is involved and a different effective  segregant
h i e r archy  is found.
Int ergra nu lar failure is also found at high
temper atu res, in such phenomena as o verhe at ing and hot
r 71 | r p is h o r t n e s s 1- ■* and also in the hot ductility trough p r o ble m.
Some failures at high temperature are a s s o cia te d with
the grain boundary but not with de - b o n d i n g  along the
prec ise  atomic plane of segregation. In this categor y
we find stress relief c r a c k i n g ^  and creep emb rittlement^10^
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of low alloy steels. These failures occur by the formation 
of caviti es along grain bo un d a r i e s  at high temperature. 
The caviti es are thought to be n u c leated  on grain boundary 
precipitates, such as MnS and grow by vacancy supply 
from the grain boundary to reduce the overall strain 
energy.
In particular, with regard to temper embritt le -
_ [11, 12, 13] , , .ment and low tem p e r a t u r e  inte r g r a n u l a r
fracture , failing by impact (or tensile forces)
at temperatures below 200°C and in n o n - a g g r e s s i v e  or
inert environments, the grain boundary c h e m is tr y may
play a decisive role.
The common factor among the above  i n te rgranu la r 
failure modes is the chemical state of the grain boundary 
and hence the material composition.
^  Carbide transfo rma tions  and the p r eci pi tation of 
other phases can strongly i n f l uence grain bo un da ry 
segregation and thus the s u s c e p t i b i l i t y  to temper 
embrittlement.
Carbide pre cipitation pr o c e s s e s  also inf lu ence bulk 
strength, which again will have an effect on the 
susc ept ibility  to temper e m br ittlem en t.
To understand the factors which can in fluence  the 
temper emb rittl em ent (TE) behav iour of steel it is 
necessary to cha racterise the m i cr ostruc tu ral ch an ges
t
as well as mechanical p r o p er ti es and grain boundary  
segregation p h e n o m e n a . ^
The emphasis of the present study is placed on the 
discussion of the role played by m i c r o s t r u c t u r e  in 
c ont rolling  the su sce ptibility  to TE through its inf luen ce
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on both solute segregation and on mechanical properties.
1 . 2 Definition of Temper Embrittlem en t (TE) 
t , t15]Joiivet and Vidal found that the impact test
at room temperature did not d e t ermin e whether a material 
is embrittle d or not.
They established the curves that made possible the 
de ter minatio n of a transition temper ature, which is the 
transition from ductile to brittle fracture mode.
Em bri ttlement occurs if the steels are held in or 
slowly cooled through the tem p e r a t u r e  range of 350° to 
540 ° C .
Reversible temper e m b r i ttlem en t refers to the decrease
in notch toughness when heated in or slowly cooled through
a critical temperature range and the subsequent increase
in this property on heating to a te mp e r a t u r e  above this
range. For alloy steels this te mp e r a t u r e  range is 300-
600°C whereas for higher alloy steels the e m b r i t tlemen t
[16]range extends to higher temp eratu re,  750°C . The
embrittlement is manifested  as an in cr ease in the ductile- 
brittle transition te mperature  (DBTT) to gether with a
change in the low temperature fract ure mode from cl eav ag e 
to intergranular. On heating above the e m b r i t t l e m e n t  
range and rapid cooling a decrease in the DBTT is produced 
together with a reversion in the fracture mode from
intergranular to cleavage. This type of temper e m b r i t t l e ­
ment is referred to as r e v e r s i b l e  temper e m br ittleme nt  
(RTE). The shift in DBTT, is related to the grain bounda ry
segregation of major al l o y i n g  . e l e m e n t s  and trace
[16]impurities in Ni-Cr steels
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1.3 On Temper Embrittlement, A General View
[17]In 1953 Woodfine published a critical survey
of the available work on temper embrittlem ent up to 1952.
At that time the most outs tanding  investigat ion was
r 18 idated 1925 when Greaves and Jones reported that the
embrit tle ment could be reduced or recovered by the 
additi on of Mo. This finding reduced the threat of temper 
embrittl eme nt from the practical point of view.
By 1944 Jolivet and Vidal pointed out that the
results of room temper ature impact tests were not
satisfactor y for stu dying t e m p e r - e m b r i t t 1e m e n t . They 
had shown that in all ferritic steels the fracture energy 
of not ched-bar impact spec imens varies with the testing 
temperature. Temper emb ritt lement  did not make the steel 
uniformly brittle at all temper atures but displ ace d the 
energy absortion transition of the curve to higher testing 
t e m p e r a t u r e s . (
Jolivet and Vidal defined "the position of any
fa c t u r e - e n e r g y / testing tem perature curve by the
temperature corres po nding to the point of inflexion  of 
the curve and then took the difference between the values 
for the specimens with and without t e m p e r - e m b r i t t 1 ement 
as a measure of the amount of the embri ttlem en t that 
had occurred".
[19]In 1947 Cohen, Hurlic and Jac ob son desc ri bed an
etching solution capable of diffe re n t i a t i n g  between a 
steel in the brittle co nditi on with one in the tough 
condition.
This reagent consi sted of picric acid and " Z e phi ra n  
Chloride" dis solved in ether, and tended to reveal
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se lecti ve ly the em br ittled  grain boundary. The intensity 
of this etch at grain boundaries was related to the amount 
of embrittlement of the alloy. About the same time (1948) 
McLean  and Northcott described the changes in m i c r o ­
str uct ures with different reagents and times of hea ting
s ug ges tin g a tentative theory for the mechan is m of temper
[20]embr ittlement. The etchan ts used by McLean gave
similar results to that of Cohen, in particular the
aqu eous picric solution. McLean pointed out that a similar
Bri ti sh -made 'compound to Zephiran chlor ide (an Ame rican
trade name for a surface active agent consi sting of a
mi xture of hi gh -molecu la r a 1 k y 1 - d i m e t h y 1 - b e n z y 1 ammonium
chlorides) CTAB (c e t y l - t r i m e t h y 1 ammon iu m bromide)
produced similar results.
The main attack appear ed  to occur along prior
aus te nite  grain bounda ries although ferrite boundaries
within the prior austen ite grains were sometimes rev ea le d
[13]for steels conta ining P
r 211Preece and Carter L J reported that the Zep hi ran
chloride etch indica ted the presence of e mbritt le me nt
only in steels which contained  chromium. In 1959 Steven 
[22]and Balajiva found that the el ements pr ima rily
respon sib le for temper- embr i tt lement are Sb, P, Sn and
As and that Mn and Si were also effective, but to a lesser 
d e g r e e .
r p t i iIn 1968 Low et al examined the roles of Cr and
Ni together and separately, in conj u n c t i o n  with the four
main embrittling  impurities Sb, Sn, P and As. In their
i n vest ig at ion they include d carbon ex tractio n r e p lic as
of etched and unetched i n t e r g ra nular fractures, as well
as thin foil te chniques.  They c o n c lu ded that since 
di ffere nc es between these two c o n d itions could not be 
found within the current electron mic r o s c o p y  techni qu es 
their suggest ion was that the m e c h a n i s m  of embrittle ment 
involv ed some form of segregation.
Ac cording to M c M a h o n ’s review the direct evidence
for P segregation in steel dates from 1956 by Arkharov.
f 241In 1958 Inman and Tipler J reported P segr eg ation in
f 2 5 1Iron. By 1963 these same a u t h o r s 1 J had made a careful 
assessment of the experiment al and s ci en tific work up 
to that time, and gave details of the wide variety of 
techniques then used, inc lud in g interfacial energy 
measurements, assessment of lattice parameter changes, 
and internal friction data to meas ure the dist r i b u t i o n  
of carbon in iron- ca rbon alloys. Since that time the 
subject has advanced c o n s i d e r a b l y  as a result of the 
introduction of direct surface analytical t e c h n i q u e s  
which can be used to detect and measure the sp ecies  
present at an exposed interface.
f 261Subsequently in 1964 Wes t b r o o k  1 produced a re view 
describing a phenomenon in which the levels of app ar ent 
segregation extended to di st ances of the order of m i c ron s 
across the grain bou nd ar y and also depen ded upon the 
kinetics of cooling from high temperature. He b e l ie ve d
that the results obtained using m i c r o - i n d e n t a t i o n  hardnes s 
traverses across grain boun da ries were rdlated to the 
no n- eq uilibrium type of seg regation. This type of 
segregation arises from the kinetics  of cooling from
a high temperature; the m e c h a n i s m  of this s e g r e g a t i o n
is reportedly connected with the dr aggin g of so lu te
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[27lspecies by a flux of vacan cies towards the boundary
In the late 1 9 6 0 ’s the d ev el opment  of a range of 
so p h i s t i c a t e d  e l e ctron-o pt ical te c h n i q u e s  for surface 
anal ys is  led to an inc re ase in the u n d e r s t a n d i n g  of the 
general phenomenon of interfac ial segregation. These 
tec hn iq ues were based on a number of physical processes, 
such as Auger electro n emission, se co ndary ion-mass 
emission, X-ray photo electron  emission, ion-beam 
scatterin g and field-ion emission ut il izing the atom
p r o b e .
All these are c o m p l e m e n t a r y  t e c h n i q u e s  since there
is no ideal one that can sat isfy all the desired
experimental requirements.
Since the i n troduc ti on of AES (Auger Electron
Spectroscopy), considered  to be the most suitable for
the study of segr egation phenomena, there has been a
con si de rable acc umulat io n of data on species that
segregate both to free surfaces and grain bo undaries
in a variety of metals. With regard to steels which are
multicompo ne nt systems, it is al ready known that more
than one solute type takes part in the s e g r e gation to
boundaries and yet i m p u ri ti es that are strong ly
embrittl in g in pure iron do not n e c e s s a r i l y  emb ri tt le
steels, because of their i nt eracti on  with alloy elements.
Stein et al 2^8  ^, Marcu s and Palmber-g 2^9  ^ in 1969,
and Viswanathan in 1971 i n v e s t i g a t e d  temper embr itt le-
[29]ment through the AES technique. Ma rcus and Palmberg
found Sb to be strongly segr eg ated at the i n t e r g r a n u l a r
[31 ]fracture surface. Later c a l i b r a t i o n  and ana ly sis led
them . to conclude that the Sb c o n c e n t r a t i o n  at the
embritt led  fracture su rface was about 1 0  atomic percent.
They also o b t ai ne d spectra from the partially 
intergranular fracture sur fa ces of n o n - e m b r i 1 1  led samples. 
There was no Sb peak in these spectra, and the intensity 
of Ni peaks was c o n s i d e r a b l y  lower ind icating  that less
Ni and almost no Sb were present at n o n - e m b r i t t 1ed grain
boundaries. The Cr c o n c e n t r a t i o n  at the. embrittled
fracture surface was slight ly smaller than the bulk 
concentration.
In a similar study of P-induced  embritt lement of
[30]Ni-Cr steel, V i s w a n a t h a n  observed significant
segre gat ion of both Ni and P at emb rittl ed fracture
surfaces. Non-e m b r i t t l e d  samples showed the presence 
of some P at the f racture surface, and interestingly,
de-embri tt led samples ap pe ared to have even less P at 
the intergranular fracture surface than n o n - e m b r i t t l e d
samples.
[23]About the same time ( 1968) Low, Stein and others
reported the interactio n of the al lo ying elements Ni 
and Cr with the impurity elements Sb, P, Sn and As, to 
produce reversible temper e m br it tlement  in a series of 
h igh -purity  steels con t a i n i n g  0.4 ma s s %  C and a l lo ye d 
steels containing a p p r o x i m a t e l y  3.5 mass % Ni, 1.7 mass % 
Cr and 0.05 to 0.08 mass % of the particular im pu ri ty 
s e g r e g a t e d .
They stated that " the amount of embrit tl ement whic h 
may be caused by a specific impurity depends on the 
specific alloying elements present". They did not detect 
sec ond-phase p r e c i pitatio n at the grain boundarie s when 
in the embrittled condition.
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They support ed M c L e a n ’s me chanism for temper 
embrittlement, i.e. the equi li brium segr egation of 
impurit ies  to grain boundaries.
These facts rein forced the earlier findings of 
[22 32]Balajiva et al ’ which de mo nstra ted that the
presence of specific impurities (P, Sn, Sb, As) was a 
necessary prerequisi te for embrit tle ment of such steels.
In 197A Rellick and McMahon made a study of the
cohesion of ceme n t i t e - f e r r i t e  interfaces in Fe-C alloys
doped with the emb ri ttling elements Sb, Sn, As and P.
Their model is in some respect an exten sion of the Kula
[34]and Anctil hypothe sis , i.e. ’’The expulsion of
impurities from precipit ate carbides causes a transient  
build-up of these impurities in the c e m e n t i t e - f e r r i t e  
interface, thereby leading to easier fracture in this 
r e g i o n ” . This hypo thesis is app lic able to (500°F) 260°C
embrittlement, but it is also consistent with the 
phenomenology of temper embrittlement.
In Rellick and McM ah on 's hypothe sis  the solute
rejection process occurs as the carbides form du ring  
te mpe ring and/or embrittle me nt ageing, i.e. the s o lu tes 
are swept ahead of the advanc in g interface.
This model states in essence that when c a r b i d e s  
precipita te in a steel which contains solutes more soluble 
in ferrite than in the carbides, some of the solute will 
be rejected and the rest will be trapped in the carbide. 
The trapped solute can then diffuse out into the ferrite 
at a later stage if the steel is held at an e l e v a t e d  
t e m p e r a t u r e .
Up to 1975 several important questions c o n c e r n i n g
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temper e m b r i t t l e m e n t  remained unanswered. One of them 
was concer ne d with the preferen tia l path for fracture 
pro pagation and anoth er with the role of the al lo yi ng 
elements in the segr e g a t i o n  .
It was thought that segreg ation occurred in the
f 3fi 371austenite phase prior to the e mbritt li ng treatment 
This ass u m p t i o n  was shown to be inaccur ate by experimental 
evidence and se gr egation  has been shown to occur
in all high angle bo un dar ies of the ferrite phase, the 
previous austenite grain bounda ries not being a preferen tia l 
site for solute se gr e g a t i o n  but only a p r efere nt ial
path for fracture propagation.
From AES e x p e r im en ts it appears that e m b r i t t l i n g  
impurities, e.g. Sb, P, seg regate to a much smaller extent 
in pure iron than in alloy steels  ^ . McLean^-20, ^  in his
pioneering the ore ti cal work sugg ested that i n t e r g r a n u l a r  
embrittlement could be due to the s eg re gation  of solute 
atoms to the previous a u s te ni te grain boundaries.
McLean did not take into account the i n t e r a c t i o n s  
between the two c a t e g o r i e s  of atoms, i.e. i m p u r i t i e s
and transitional elements.
Guttmann pre sented an h y p o th esis for e q u i l i b r i u m
segregat ion of both types of solutes, taking into ac co un t 
the i nt eracti on  between atoms of different species.
Guttmann, taking into account the M-I i n t e r a c t i o n  
where M (alloy element) and I (impurity element) ,
evaluated the level of s egr eg ation for a ternary sol ut ion 
(Fe-M-I) through an analytical treatment based on the
regular solution model, he formulated two basic
hypotheses. The first one is based on the "Layer Mo de l",
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in which the interface is cons idered  as an h o m o ge ne ous 
tw o-dimens ional phase ( d> ) where all the thermod ynamic 
qua nti ties relating to the bulk (phase B) can be defined 
(for instance: atomic con cen tr ations,  activi ties and
chemical potentials).
The second hyp oth es is took into account the behav io ur
of a regular solution, as opp osed to McLean, who had 
c on sid ere d only the beha vio ur of an ideal solution for 
both grains and grain boundaries. This resulted from 
the fact that the inte r g r a n u l a r  layer cannot be taken 
as an ideal solution and the in terac tion between atoms
cannot be neglected.
The chemical i n t e ra ct ion between the atoms present
depends on their total conce n t r a t i o n  in the system 
(B- 4) ) and the system takes into account the d r i vi ng
force for segregation, i.e. induced by a chemical reaction.
In the case of repuls iv e int erac tions between sol ut e 
and solvent atoms, one element stron gl y seg re gates and 
repels the other one from the interface. In the case 
of an attr ac tive int eraction, strong segr e g a t i o n s  are 
also ob ser ve d and both s e g r e ga tions enhance each other, 
in this case impurities elements (I) interact more with
alloying elements (M) , at co nc e n t r a t i o n  levels large 
enough to involve pre ci pitation. It is e m p h a s i s e d  by
[43]Eyre et al that alt ho ugh G u t t m a n 's ternary sol ut ion
model re presents an imp ortant advance over p r o c e e d i n g  
binary solution  model s it cannot be readily ap pl ied  to 
more compl ex m u l t i com po nent systems such as c o m m e r c i a l  
steels.
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1 .4 On S eg regatio n
Solute segregation to grain boundaries in polycrs yt al- 
line solids is a phen om enon that is widely ac kn o w l e d g e d  
to influence a variety of technologi cally important 
processes in these ma teria ls .
The se gr egation of solute species to grain boundaries 
often appear s to be of the equilibrium type as co ntrasted 
to non-e q u i l i b r i u m  types of seg regation that have been
discussed by Aust and Anthony .
The e q u i libr iu m type of segregation occurs because
certain locations for solute atoms at grain bounda ri es 
are ener ge tically  more favourable than the normal sites 
for solute atoms in the solvent lattice. The att ra c tion 
of a solute atom to a site at a grain boundary can be 
ch ar ac terise d in terms of the amount by which the energy 
of the system is lowered ( A E) when a solute atom in
the solvent lattice changes place with the solvent atom 
occupying that grain boundary site. This energy ( A E) 
is called the "binding energy" of that solute sp ec ies
for that par ticular grain boundary site.
The binding energies of solute atoms for grain 
boundaries are believed to result from a variety of 
factors. The sites which solute atoms occupy at the grain 
boundaries will have co -o rdination numbers and int e r a t o m i c  
spacings that are different from the bulk lattice. In
iaddition the physical and chemical pro per ties of the 
grain boundary material are different from those of the 
bulk lattice.
Any of these differences may result in a d e c r e a s e  
in potential energy for a solute atom as it s e g r e g a t e s
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to the grain boundary region.
[451Hondros has shown that a general corr e l a t i o n
exists between the degree to which a solute is enr ic hed 
at a grain bounda ry and the reciprocal of its solid 
solubility in a given solvent lattice. Enrichment factors 
(ratio of solute concent ra tion at the grain boun daries 
to that in the solvent lattice) of the order of 1 0 3 to
1 0 44 are reported ^  for elements such as S, P, N, 
Sb and Sn dissolved in pol ycryst al line metals.
White and C o g h l a n  developed a model for
estimating the spectrum of binding energies. They used
the approac h of a dislocation model for the elastic
interaction of solutes with grain boundaries based on
E s h e l b y ’s calcu la tions of the elastic binding energy
between an ellipsoidal  inclusion and a source of internal 
stress. The solute atom was treated as a misfitt in g  sphere 
having elastic co nst ants different from the matrix. The 
binding energy AE,  is then the sum of two terms, A Es,
the size effect and A E m , the modulus effect. The size
interaction results from the ability of a m i s f i t t i n g
solute atom to lower the strain energy a s s o c i a t e d  with 
itself, as well as the strain energy of the grain 
boundary, by migrati ng to a p p r o p r i a t e l y  di storted regions 
near the grain boundary.
The modulus int eraction results from the i n f l u e n c e  
of a solute atom on the- elastic const ants of the ad jacent 
regions. Since the elastic energy of a st ra in ed r e g ion  
is directly proportional to its elastic constants, solute 
atoms which tend to lower the elastic modul i will be 
att racted to highly strained regions while those that
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increase the moduli will be repelled. White and Coghlan 
suggest that the s i g n if ic ant c o n t r i b u t i o n  ol the modulus 
effect to grain bounda ry  solute c o n c e nt ra tion may be 
a possible expl a n a t i o n  for the segregatio n of cer tain 
elements in solvent lattices where they appear to have 
rel at ivel y small misfit parameters.
Ph ospho ru s is known to segregate  st rongly to grain 
bou nda ries in a iron 51 ^ and yet its lattice parameter
is rep or ted to be un ch anged by taking phosph orus into 
solid solution. Thus not caus ing any sign ifica nt  misfit 
strain.
S is also known to se gre gate to grain boundaries 
in Fe ^ 7’ 51 ^ , Ni and several nickel base alloys.
While changes in lattic e parameter as a function of bulk 
S c o n c e n t r a t i o n  do not appear to have been meas ured  
(probably due to the ext re me ly low sol ubili ty  of S in
these alloys), the di fferenc e in atomic diameter between 
S and Fe or Ni does not appear to acc ount for its strong 
tendency to seg reg at e in these alloys.
This non m i s f i t - r e l a t e d  tendency to seg regate has 
typi cally been placed in the vague catego ry  of a "chemical 
e f f e c t ” .
Stark and Marcus assume d that ini ti al ly the solute
conce n t r a t i o n  and not the chemical po tentia ls  are the
same in the lattice and in the boundary and that segrega-
i
tion atta ins  an e q u i libr iu m as a final state, eq uat in g
chemical pote ntials  in the lattice and grain boundary, 
they deve lo ped two models based upon a n o n - e q u i l i b r i u m  
th er mod yna mic analy si s of grain boundary segregation.
In this ana ly sis the grain bou ndary is viewed as
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com pos ed of a M boun dary"  region of ho mogeneous  matter
g
subjec ted  to a surface tension ( 0  ), between the boundary
and the lattice there are two regions each called a
" m a t r i x - b o u n d a r y  interface", which is subjected to a
BMsurface tension ( 0  ). There are two ways to decrease
a surface tension: The cohesi ve energy at the surface
may decrease  (Model 1) leaving a smaller energy barrier 
to se paration  of atoms from the interface. Secondly, 
the bonds may become highly di rec tional at the surface 
so that the extent of bonding between the close surfac es 
being separat ed is decreased  because the bonding is
d ire cted parallel to the surface leaving few ele ct r ons 
to bond between two surfaces (Model 2).
In the case of the second model, Stark and Marcus
h y p o t hesi ze  that the complex bonds formed between 
Fe-I (As, P, Sn or Sb) and M (Mn, Ni or C r ) seg r e g a t e d
at a grain boundary take the form of a cov al ent glass with
its bonding ele ct rons pr ovi ding a highly directional 
bond parallel to the interface.
The formation of such a glassy segregate is possib le 
since the s u r r ounding  iron lattice inhibits  long range 
order within the boundary and since the form at ion of 
such glasses from these elements is feasible.
This model que st io ns how the combined e n r i c h m e n t  
(due to the i n t e ract io n co efficient s), as d i s c u s s e d  by
r 7c t
Gu ttman n causes embrittlement. •
The first model is based on the fact that many solutes
which segregate to the grain boundary do so independent ly.
The simul ta neous segregat i ons of S and Sn to iron grain
[47]bo undaries  were found to be ind ependent of each other
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Co nsider ing a binary alloy they suggested that the
segregation of impurity elements (e.g. S n , S) to the grain
boundary of a metal like iron, would clearly reduce the
cohesive energy at the boundary. If in addition, these
two solutes tend to form comp ounds  with other s o l ut es
(alloy elements, such as C r , Ni, Mn) the impurity ele ments
may segregate to the boundary thus lowering the chemica l
potential of the alloy elements and providing a dr iv in g
force for their segregation. They in turn pr o v i d e  a
further decrease in the chemical potential of the low
cohesive energy solute at the boundary giving a d r i v i n g
force for further segreg ation  of the element which is
decreasing the cohesi ve energy of the boundary.
The existence of chemical interact io ns of the
impurities with the metallic alloying co mponents at the
grain boundaries, suggests that el ect rons and their bond
characteri st ics are responsi ble for the em b r i t t l e m e n t .
In order to understand the reduction of metallic co hes ion ,
a model 55  ^ based on the electronic str ucture of the
impurities and metall ic alloying compon ents and its
rearrangement after chemical in ter action is suggested.
In this model there is the a s s u m p t i o n  that ch emica l
reactions at free surfaces and grain bou n d a r i e s  are 
[56, 57]similar and that loc alised electron s t at es
C I
describe these chemical reactions best
More recently an attempt to give a* more ph y s i c a l
basis to the mech anism  of decohesion has been made. The 
ideas, underly ing  the desc ription of c h e m i s o r p t i o n  at 
free surfaces, were taken as a basis to de s c r i b e  the 
chemical bonding of impu rit ies at int er faces w i t h i n  the
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bulk. They con s i d e r e d  two s e m i - infinite metal chains, 
each one r ep resent in g a metallic grain, with one 
substitutional impurity atom forming a bridge in be tween
(grain boundary). The electronic structure of i m p u r i t i e s  
known to induce temper e mbr it tlement  is c h a r a c t e r i s e d  
by an incomplete valence p shell, e.g. S i ( 3 s 2 3 p 2),
P ( 3 s 2 3 p 3) S, ( 3 s 2 3p 41 ) . As a c o n s eque nc e they show a
tendency to form strong covalent bonds, which are rigid 
and directional as opposed to metallic (isotropic and 
weaker) bonds. This model predicted that upon i n c r e a s i n g  
strength of the i m p u r i t y - m e t a 1 bond, the coh esi on energy 
correspo nd ing to the metal-meta l bond in the i m m e d i a t e  
vicinity of the impurity, decreases. This is a r e f l e c t i o n  
of the fact that after forming the covalent bond with 
the impurity the par tici pa tion of the "metallic" or bi tal 
on the bond of its neighbouring me tal lic atom is s t r o n g l y  
reduced. A s o p h i sticate d c al cu lation  including e l e c t r o n -  
electron correlatio ns, several el ectronic orb it als and
geometrical effects was proposed. The basis of the 
Hamilt oni an model employed was that the metal can be 
represented by a one -d imensio na l chain of atoms where 
a tight-binding first nearest neighbour basis of 
no n-d egenera te Wan nie r orbitals are used to o b ta in  the
electronic eigenfunction s.
Seah proposed a numerical estimate of the e f f e c t s
of different segrega ted  chemical species on the s t r e n g t h  
of grain boundaries. This approach is concern ed  wit h 
predicting the effect of the segre gant on the ideal
strength of the grain boundary. He suggested that in 
the case of low te mpe rature fracture it be a s s u m e d  that
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the grain b o u n d a r y  separates without r e distri bu tion
of the solute atoms. The pa ir - b o n d i n g  or quasi-chemical 
ap p r o a c h  gives an easy numerical evaluation of the
be hav iour of e m b r i t tl em ent, or otherwise, for the grain 
bo undar y s e g r e g a t i o n  of some seventy solutes in the same 
number of solvent matrices.
The actual ene rgy required to break the bonds across 
the grain b o u n d a r y  may be simply determined by coun ting 
up the number of "dangli ng"  bonds per unit area and 
su mming their energies.
These e n e r g i e s  may be calculate d from the s ubl im ati on 
enth alpies. A fair numerical estimate by this app ro ach
may be made using nearest nei ghbour bond terms. This 
theory did not take into account any bulk p r e c i pit at ion 
or changes in m i c r o s t r u c t u r e  caused by e m b r i t t l i n g  
element s .
A different theory proposed by Machlin is based
on the s u g g estion that de cohesion is a con s e q u e n c e  of 
the se gr e g a t i o n  of certain impurit ies to the grain 
boundaries where the m e c h a n i s m  by which these segr e g a t e d  
impuritie s induce d e c o he sion differs from case to case. 
He descr ibed in this way a m e c h anism for grain boun dar y 
decohesion in temper embrittl ed specimens.
The pro po sed grain boundary decohesion proce ss
c o r r e s p o n d s  to a m e t a l - covalent bond transition for the 
bonds associated with the segregant atoms during the 
process of inte rcrysta l 1 i ne fracture, in which the 
covalent bonds formed are completely saturated by atoms 
belongi ng  to only one of the two surfaces pr od uced by
the fracture. Since it is re asonable to expect the energy 
as so ciat ed  with the bonds of the segregant atoms to 
decreas e as stress is a p plied  and the segregant atom 
moves towards its e q u i l i b r i u m  site on a free surface, 
the segregated  atoms at the grain boundary act to provide 
a positive pressure tend ing to separate the grains 
ad j o i n i n g  the grain b o u n d a r i e s  and in this manner lowers 
the fracture streng th of the grain boundaries.
This analysis is c o n c e r n e d  with the state of bonding 
of the segregant atom at a grain boundary site. Mach li n^60  ^
suggests that EXAFS stud ies of grain boundary  fracture 
surfa ces  should reveal an ave rage c o - o r d i n a t i o n  number 
for the segregant at the surface that is less than that 
for the average surface host atom or less than that
exp ec ted for the aver age atom of a surface of that crystal 
orientation. Further, the seg regant - host bond lengths 
co r r e s p o n d i n g  to surface sited segregant should be less
than those c o r r e s p o n d i n g  to the same atoms but at grain 
bounda ry s i t e s .
This m e c h a n i s m  is more consis te nt with the theory 
of the mechanics of i n t e r c r y s t a l l i n e  crack propagation.
Jokl et al ^ pr oposed for this latter m e c h a n i s m
the basic a s s u mp ti on that the bond breaking and 
dislocation emission at the m i c r o c r a c k  tip are allconcomitant 
p r o c e s s e s .
It has been noted that the e m b r i t t l i n g  elements
are often from groups IV to VI of the periodic  table, 
and that the embr it tling p o w e r  of the element incr ea ses 
as one moves from group IV to VI in a given row of the 
periodic table. Therefore, im puriti es  which are more
19
e l e c t r o n e g a t i v e  with respect to their tr ansition metal 
hosts are st ron ger embrittlers.
r 021Messmer and Briant J focussed on the chemical
bonding aspect of embrittlement. Their sug g e s t i o n  is 
that to unde rstan d the chemical bonding aspect of grain 
boundary em brit t l e m e n t  at its most fundamental level, 
it is nece ssary to perform fully quantum mechanical  
cal cul ations which will describe the bonding at the grain 
b o u n d a r y .
A molecular orbital cluster ap proach is suggested, 
since the chemical bonding for clusters has atomic 
ar rangement s re p r e s e n t a t i v e  of those of the grain boundary 
and det ermine changes in the bonding which occur when
an embri ttl ing element is introduced.
Messmer and Briant reported c a l c u l a t i o n s  for
five different clusters. In three of these Fe is the
host metal and in two Ni is the host.
They show that the strongly embr i t t l i n g  el em ents 
are indeed very el ec tr o n e g a t i v e  with respect to the host 
metal and draw charge from the metal atom onto themselv es. 
Thus, the m e t a l - i m p u r i t y  bond is heteropolar. In contrast, 
a cohesive enhancer, such as B in Ni, does not de ple te 
the metal atoms of charge and the impuri t y-met al bond 
is much more homopolar. Such an element will then p r o vid e 
additional bonding at the grain bou nd ary while  not 
destroying the metal- me tal bonds.
r 0 2 1
More recently Viefhaus et al st ud ied an a l lo y
of Fe-0.064% P austenitized at 1050°C, r e c r y s t a l l i s e d  at 
850°C and held at 500°C for ten days. They found strong 
P segregation and ques tio ned whether fractur e occur s
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by breaking of m e t a l - i m p u r i t y  bonds directly in the 
segregated layer or by breaking of metal-metal bonds 
in an adjacent layer.
They examine d both fracture surfaces of the broken 
specimens and the conce n t r a t i o n  of P was about equa lly 
high on the c o r r e s p o n d i n g  fracture faces, sug gesti ng  
that the value obtaine d can be doubled to obtain the 
approximate grain boundary con centration.
From o bs ervatio ns  on the behaviour of P s egrega te d 
on iron during slow e v a p or ation of Ni atoms on to the 
surface, they conclud ed that upon fracture the s e g r egated  
P atoms change their place with metal atoms in order 
to be on the outer surface.
Further, they suggest that it is not possible to 
derive from the Auger spectrum after fracture whether 
the rupture of a grain bounda ry with seg reg ated imp uri ty  
atoms occurs by breaking of m e t a l -impuri ty  bonds or by 
breaking of meta l-met al  bonds.
1 . 5 The Role of M i c r o s t r u c t u r e  in Temper E m b r i tt lement
A range of different m i c r o s t r u c t u r e s  may be produc ed  
in heavy section co mponents due to di fference s in c o o l i n g  
through the section thickness. Examples are turbin e 
rotors and pressure vessels.
It is generally co nclude d that tempered m a r t e n s i t i c  
structures are more sus cep ti ble to temper! e m b r i t t l e m e n t  
than tempered bainite which in turn is more s u s c e p t i b l e  
than a pearlitic structure. A limited number of st u d i e s  
have been undertaken to clarify how these s u s c e p t i b i l i t i e s  
are correlated.
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There are a large number of variables involved, 
inclu din g c a rb ide composi tion,  size, shape and d i s t r i ­
bution, phase morpholog ies, mat r i x - s t r e n g t h  levels and 
initial DBTT values prior to ageing.
The Role of Ca rb ides
r p t i
Gro ss man first suggeste d that carbide s might
r g g  1
play a role in i nt er granula r cracking, Lement et al who
studied the m i c r o s t r u c t u r a 1 changes a c c o m p a n y i n g  the
tempering of mar t e n s i t e  showed that near 2 0 5 ° C -2 30°C
e - c a r b i d e  d i s s o l v e s  in the low-carbon ma rt e n s i t i c  matrix
and ceme nt ite begins to pre ci pitate as el o n g a t e d  films
at ma rt ensite boundaries, and as platelets and globular
particles within the mart en site.
f 661Klinger et al showed that i r r e s p e c t i v e  of the
time and tem p e r a t u r e  of tempering, the i n i t i a t i o n  of 
em br ittleme nt  c o i ncid ed  with the nucle ation and growth
of cementite pla telets and the dis appearance of £ -carbide.
The inter g r a n u l a r  fracture along the prior aus t e n i t e  
grain boun dar ies could not be expl ained by this mechanism, 
since the £ -carbid e ^ cementite tr a n s f o r m a t i o n  is not 
localised at these boundaries. One poss i b i l i t y  was that 
the cracks which nucleated near the thin carbide pl atelets  
at the hig h - a n g l e  prior austen it e grain b o u n d a r i e s  had 
a better chance for pr opa gation along the cont i n u o u s  
path provided by these boundaries. Gro ss man q u e s tio ne d
whether these cracks were nucleated by the brittle 
fracture of thin cem entite platelets or by the ductile 
rupture of the soft ferrite surr ou nding the ca r b i d e  
plates .
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Until this time little had been known about the 
effects of allo yi ng element s and residual impurity on 
this form of e m br ittleme nt . Seg regation of impurity and 
al loy in g element s has been extensively studied and it 
is a well e s t a bl is hed fact that its occurrence can promote 
em brittleme nt, or not, to an extent which depends on 
the part icula r c o m b i n a t i o n  of alloying elements and 
impur iti es involved.
Se gr e g a t i o n  at grain boundaries could occur as 
eq u i l i b r i u m  s e g r egati on  either during temperin g or
au s t e n i t i s a t i o n  or by carbide rejection during tempering.
[1 2]Briant and Banerji suggested that grain bou nd ary
se gr eg ati on during temperin g is unlikely, N being the
only embr ittling  element able to diffuse at this
temperat ur e ’ while P, S and N do have su fficient
mobil it y at the a u s t e n i t i s i n g  temperature for e q u i l i b r i u m
s eg re gation  to the grain boundaries. There are also
several experimen ta l results which show this to be true.
One of these is the obse rv ation of quench cracks al ong
T 37lthe prior aust enite  grain boundaries in ma rtensi te  . It 
was observed  that these quench cracks can be a t t r i b u t e d  
to P segregati on in the parent aus tenite 6^8, .
To relate both carbides and impurities Kula and 
Anctil s u g geste d that certain impurities which are
more soluble in a -ferrite than in the carbide will be 
rejected after the carbide has p re cipitat ed  in an 
elongated film or plate form. This build-up of im p u r i t i e s  
at the f e r r i t e- carbid e interface could reduc e impact 
strength either by low er ing the ferrite carb ide i n t e r ­
facial energy or by local s o lid-sol ut ion st r e n g t h e n i n g ,
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impeding dislocation movement.
Rellick and Mc Ma ho n proposed that solute rejec tion
processes during carbide formation, tempering and/or 
emb rit tlement  ageing are important as solutes will be 
pushed along in front of the advancing  interface. Their 
model states in essence that when carbides p r e c i p i t a t e  
in a steel which co nt ains solutes, more soluble in ferrite 
than in carbide, some of the solute will be rej ec te d
and the rest will be trapped in the carbide. The trapped 
solute can diffuse out into the ferrite at a later time 
if the steel is held at an elevated temperature.
When a quenched steel is tempere-d at s u c c e s s i v e l y
high temperatures, pr eci pitation and c o a r s e n i n g  of 
cementite occurs above ~200°C and solute re je ction occurs. 
If enough of the solute is an embr i t t l i n g  element,
cohesion of the ca rb ide-fe rr ite interface is lowered. 
Since precip it ation and coarsening occurs more ra pi dl y 
in high angle boundaries, the steel has a t e n d e n c y  to
fracture with low tou ghness along these boundaries.
Kula and Anctil considere d that the ou tward
di ffusion of trapped impuritie s after carbide p r e c i p i t a ­
tion caused the embrittlement, whereas R e l l i c k  and 
M c M a h o n ’s model su ggested that impurities reje ct ed during 
carbide pre cipi tation should be at least e q u all y 
important. The latter authors modified Kula and A n c t i l ’s 
model in order to account for the n i n - e q u i 1 ibriurn 
segregation, because the embr it tlement  found was ne ither 
stable nor reversible. They assumed that the e m b r i t t l i n g  
elements have negl igi ble solubil ity in Fe 3 C and that 
a preci pitating carbide would, therefore, tend to r e j e c t
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such foreign atoms, thereby ca us ing a build-up of the 
element in the ferrite alo n g s i d e  the c a r b i d e - f e r r i t e  
inter f a c e .
f 16lEdwards et al gave some direct evidence co nc erning
the relation between segre gat ion behaviour and changes 
in m i c r o s t r u c t u r e . They showed that it is possible to obtain 
increases in embrit tle ment whilst ma tri x hardn es s is 
decreasing. They con cl uded that the extent of e m b r i t tlemen t 
is determined by the balance ac hi eved between grain bounda ry 
weakening due to segregation and grain interior strength 
changes. Their studies were c o n d u c t e d  on a commerci al 
Ni-Cr steel (EN30A) and a high purity Ni-Cr steel (BE10) 
doped with 425 ppm of Sn. They showed that the e m b r i tt lement 
of both was as so cia ted with the segr e g a t i o n  of Ni , Sn and 
P to the prior austeni tic boundaries.
Using the shift in DBTT re l a t i v e  to ageing time at 
500°C as a guide they iden tified three main phases in the 
embrittlement behaviour. Phase I was c h a r a c t e r i s e d  by an 
increase in the DBTT to the first maximum, Phase II 
correspo nds to the decrease in DBT T to the first m i n i m u m  
and Phase III co rrespon ds to the sec o n d a r y  i n c re as e  in 
DBTT, this being associa ted with the t r a n s f o r m a t i o n  of 
M 3C to C r - r i c h  M 7 C 3 which releases P to segrega te  to the 
boundaries. This was observed even in the ’’p u r e ” steel 
in which the bulk P con centratio n was only {35 ppm by mass. 
King and Knott explained the duct ile failure of EN30A,
which consisted of fine tempered mar tensi te , in terms of 
the weakening of the ca r b i d e / m a t r i x  inter fa ce by these 
impurity elements (P and/or Sn). It was s u g g e s t e d  that 
the seg regation of these impurity e l e m e n t s  o c c u r r e d  during
the emb ritt li ng heat treatment. They c o n c luded that in
low-alloy steels, where the in cl usions are widely separated 
the carbides  become involv ed in the duc tile failure
mechanism, because impurity element s e g r e g a t i o n  can weaken 
the carbide interface and so produce large reduction  in
the strain required to grow a fibrous crack.
1 . 6  The Role of T ra ns formed St r u c t u r e s
The degree to which d e g r a d a t i o n  of toughness  occurs
due to temper embritt lement can be a fu nction of the m i c r o ­
st ructure of the steel. M i c r o s t r u c t u r e  can in flu ence the 
se gregat ion behaviour of impurit y element s by modifying
either the driving force or ki netic s of segrega tion . The
various factors that are c o n s id ered important are the
c he mi stry of the ferrite matrix, grain boundar y structure,
the nature of other in terfaces to which p a r t i t i o n i n g  of
[71 ]the impurities can occur, and the dis lo ca tion density
It is well known that the amount, type, and c om po si tion
of the carbides in steels vary with heat treatment.  This
means that the co mposi tion of the ferrite matr i x  would
also vary co rr espondi ng ly for a given con st ant bulk
c ompos it io n of the steel.
The sol ubilities  as well as the d i f f us i v i t i e s of the
impurity elements in the ma trix are depend ent on the
co mpo sition of the matrix and can thus be m o d i f i e d  by
[72] \changes in mic rostru ct ure 
[73]Joshi has shown that the s e g r e g a t i o n  of i m p u ri ties
and alloying elements can occur p r e f e r e n t i a l l y  to some
boundaries and not to others, pre s u m a b l y  due to d i f f e r e n c e s  
in boundary structure.
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Othani and McMahon reported that the fracture path
in temper embrittled bainitic steels follow ferrite-ferrite
and fer rite- bainite boundaries, while in martensitic steels,
[741the fracture path follows the prior austenitic boundaries
For a given tempering treatment and strength level, marked
differe nc es still exist in the carbide morphol ogy between
bainitic and ma rt ensitic steels. Viswanathan and 
[75]Sherlock reported that the bainitic structure of
Cr-Mo-V steel contained lenticular carbides in contrast 
to rounded carbides in the mart en sitic  structure.
They assumed that the diameter of the lenticular 
carbide s is one half that of the rounded carbides. 
Ca l c u la tions made on this basis show that for a given total 
volume of carbides the c a rb ide-fer ri te interface area can 
be as much as 50% higher for the lenticular carbides. This 
means that a significantly higher proportion of impu rities 
may segregate to the c a rb ide-fe rr ite interfaces in bainite 
than in martensite, with a con co m i t a n t l y  reduced segregation 
to prior austenite grain boundaries. The initial DBTT and 
its shift on emb rittlement ageing is a function of both 
the type of trans formed struc tur e and on the degree of 
te mpe ring (as reflected by hardness). The d i f f erence  in 
the initial D B T T 1s is believed to be related to di fferent 
carbide sizes and shapes in the two types of m i c r o s t r u c t u r e s  
(tempered ma rt ensite and bainite). The higher DBTT of the
i
tempered bainite structures is a con se qu ence of the larger 
crack nuclei assuming that cracked carbides nuclea te brittle 
fracture.
The general trend for the su scep t i b i l i t y  to TE to 
increase with increasing ha rdness is partly due to the
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incr eas ed stresses across grain boundaries as the matrix 
[76 ]hardens . This effect will, therefore, be additive
to any increased embrittlement due to segregation.
1 . 7 On Carbide Formation
Car bid es may influence solute seg regation to 
boundari e s :
(i) By the rejection of impurity and alloy elements
into the boundaries from the carbides formed during 
tempering and embrittlement.
(ii) By the type of carbide present initially and the
tr ansfor mation of one carbide to another during 
emb rit tlement infl uencin g matrix compo sition and 
hence the the rmo dy namic driving force.
(iii) By the c a r b i d e-mat ri x interface itself acting as
a preferred site for trace impurities.
4 " When low alloy steels are quenched and tempered, the
eq ui l i b r i u m  carbide to form is cementite. The m o r p h o l o g y  
of Fe 3 C is dependent on its nucleat ion site, and three 
main modes of preci pi ta tion can be recognised, namely, 
grain boundary films, or discrete grain boundary particles, 
m at r i x - n u c l e a t e d  W i d m a n s t a t t e n  laths, and t w i n - n u c l e a t e d  
laths [7?1^
1
The predomi nan ce of any of these forms de pe nds to
[77,a large extent on the nature of the as-q ue nched mar t e n s i t e  
78, 79]
In low-carbon steels where the martensi te co n s i s t s  
of packets of aligned needles, the first form
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r 77 791 p r e d o m i  n a t e s  .
In h i g h - c a r b o n  s t e e l s ,  h o w e v e r ,  w h e r e  t h e  m a r t e n s i t e
c o n s i s t s  m a i n l y  of i n t e r n a l l y  t w i n n e d  p l a t e s ,  t h e  t h i r d
T 77 781f o r m  p r e d o m i n a t e s  ’ a l t h o u g h  t h e  W i d m a n s t a t t e n  l a t h s
h a v e  a l s o  b e e n  o b s e r v e d  to n u c l e a t e  in t w i n - f r e e  
[80]r e g i o n s  J .
T h e  o c c u r r e n c e  of  t h e  c a r b i d e  M 7 C 3 = (Cr ,Fe) 7 C 3 in
a l l o y  s t e e l s  h a s  b e e n  t h e  s u b j e c t  of a n u m b e r  of 
r 81-85ls t u d i e s  . P a r t i c u l a r  i n t e r e s t  a t t a c h e s  to t h i s
q u e s t i o n  w h e t h e r  t h i s  c a r b i d e  f o r m s  in a f e r r i t e  m a t r i x  
a l r e a d y  c o n t a i n i n g  c e m e n t i t e  by in s i t u  n u c l e a t i o n  or f r o m  
c o m p l e t e l y  s e p a r a t e  n u c l e i .
It has b e e n  s u g g e s t e d  t h a t  t h e  m o d e  of f o r m a t i o n  d o e s
in f a c t  d e p e n d  o n  t h e  r e l a t i v e  a m o u n t  of i r o n  a n d
n o t  
[86]
f 831c h r o m i u m  . T h e  s u b s e q u e n t  r e p l a c e m e n t  of M7C3 by a h e r
c a r b i d e  M 23 C 6 a p p e a r s  to o c c u r  by s e p a r a t e  n u c l e a t i o n
[ 871D y s o n  a n d  A n d r e w s  s t u d i e d  a l o w - c h r o m i u m  s t e e l
( C r - M o - V )  in w h i c h  t h e  i r o n  c h r o m i u m  c a r b i d e  M 7 C 3 a n d  t h e  
r e p l a c e m e n t  of Fe 3 C by M 7 C 3 w a s  s u g g e s t e d  to o c c u r  by 
s e p a r a t e  n u c l e a t i o n .  T h e y  f o u n d  t h a t  up to t i m e s  of 1 h o u r  
at 5 0 0 ° C ,  th e  c e m e n t i t e  r e m a i n s  in a W i d m a n s t a t t e n  p a t t e r n  
a n d  d o e s  n o t  s p h e r i o d i z e ,  b u t  at  h i g h e r  t e m p e r a t u r e s  a n d  
l o n g e r  t i m e s  t h e  c e m e n t i t e  b e g i n s  to d i s s o l v e  a n d  b e c o m e s  
r a g g e d  in a p p e a r a n c e .  At t h e  s a m e  t i m e  M 7 C 3 b e g i n s  to
p r e c i p i t a t e  a n d  t h e  h a r d n e s s  d e c r e a s e s .  I n i t i a l l y ,  t h e
!
M 7 C 3  c a r b i d e  w a s  f o u n d  to p r e c i p i t a t e  in t h e  b u l k  o f  t h e  
g r a i n s .
[ 881V i s w a n a t h a n  a n d  J o s h i  i n v e s t i g a t e d  t h e  e f f e c t s
of t r a n s f o r m a t i o n  p r o d u c t  a n d  s t r e n g t h  l e v e l  (or h a r d n e s s )  
on t e m p e r  e m b r i t t l e m e n t  s u s c e p t i b i l i t y  o f  a C r - M o - V  s t e e l
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doped with P and Sn. T he y found that even at identical 
strength levels, the m o r p h o l o g y  and d i s t ri bu tion of carbides 
are distinctly dif ferent between tempered m ar te nsit e and 
bainite.
Following a one hour te mpe ring treatment at 704°C, 
the tempered m ar te nsite str uctur e contain s a uniform 
distribution of fine, r o u nde d carbides. C a r bi de s in tempered 
bainite, on the other hand, are lenticular, larger in size 
and non-un iform in distr ibution. Conseque nt ly, the size 
of the ferrite islands, r e l a t i v e l y  free of carbides, is 
much larger in bainite. Fo ll owing temperi ng  the area 
fraction of carbides in the ma tr i x  decre ases and coa rs en ing 
of the carbides at the a u s t e n i t e  grain bou ndar ie s takes 
place.
After very short t e m p e r i n g  times (i hour) both bainite 
and martensite contain p r e d o m i n a n t l y  M 3C with minor amou nts 
of M 2 C. With increased tempering, the amount of M 2C in 
the martensitic steels increases; for m a r t e n s i t e  te mpe re d 
for 70 hours the presence of large amounts  of M 7 C 3 type 
alloy carbides were also observed.
In the case of bainitic steels, inc r e a s e d  t e m per in g 
results in a progressive in cre a s e  in the amount of M 2 C 
as well as M 2 3 C 3 type alloy carbides. The ch ang es  in the 
carbides are also refl ected by the p r o g r e s s i v e  d e p l e t i o n
of the ferrite matrix in Mo and Cr. The d e p l etion  of the
I
element Cr in ferrite, which is known to a c c e n t u a t e  
embrittlement due to P segrega ti on, may cause i n c r e a s e d  
segregation at high hardness  levels. An o p p o s i t e  effect 
would be exerted by Mo on the other hand, in view of its 
retarding influence on the diffusion  of P.
r y c  "I
Viswanathan and Sherloc k investigated Ni-Cr-Mo-V
steels, of commercial purity, heat treated to produce a 
tempered bainitic struc ture to various strength levels 
and then isotherm al ly aged at 315°, 400° and 450°C for
times up to 35,000 hours. They found that the carbide 
morphology in the grain boundaries does not change with 
the progress of emb rit tl ement. Further, the morphology 
of carbides in the grain boundaries is the same as that 
in the matrix. The major difference seemed to be the higher 
density and larger size of the grain boundary carbides, 
due perhaps to earlier nu cl eat ion and faster growth (higher 
diffusion rates) of car bides at grain boundaries. This 
provides a continuo us fer rit e-ceme nt ite interface which, 
when weakened by s eg regati on  of various impurity elements, 
would result in preferen ti al fracture at the grain
boundaries.
The result obtained from the Cr-Mo-V steel rev eal ed  
a number of features relating to the role played by
microst ructure in c o n t r olli ng  the nucleation and growth 
of cleavage cracks in the unem brittle d states and its
possible influence on se gregation and embrittlement through 
its link with matrix chemistry. More precisely, the
diff erences in the initial D B T T ’s can be at t r i b u t e d  to 
the larger carbide sizes and less uniform distr i b u t i o n  
in the tempered bainite structures.
t
Moreover, whereas the predominant carbide in both 
structures is iron rich M 3C following tempering, for short 
times (high hardness), these transform to M 2 C + M 7 C 3  in 
the martensi te st ru cture and to M 2 C + M 2 3 C 6 in the bain itic 
st ructure with i n c r e a s i n g  tempering time.
Con sid ering Ni-Cr steels and Fe-C alloys the role 
played by the carbid e types rel ating  to the me chanism of
temper emb rittlement Ohtani et al suggested that a
central feature of temper e m b r i t t l e m e n t  is re distri but ion 
of solute during carbide pr eci pitation.  They found that 
the embrittlement in Fe-C alloys  could be removed by 
re hea ting for a short time above 600°C and que nching to
room temperature. Subsequent  he ati ng at 480°C produced 
re -embri ttlement of grain boundaries. This was found to 
be a result of pre cipitat io n of fine carbides in the ferrite 
grain boundaries; the ca rbides par tially diss olved  at 600°C 
re precip itated at 480 °C ma inly at high angle grain
boundaries. This latter e mbritt le ment occurred with all 
the dopants studied, i.e. P, S n , S b , As.
The embrit tlement effects were found not to be stable 
since they d isappea re d after pro longed heating in the 
temper embri ttling range. At higher tempe ratur es the
de- emb rittl em ent was more rapid, based on the c o m p ar ison
of results obtained from Ni-Cr steels with Fe-C al lo ys
c on tai nin g 0.04 mass% C.
They explained the phe nome na  in terms of the r e j e ct ion 
of the impurities from grain boundar y regions where the
carbides formed. This rejection occurs because of the low
solubility of such elements in Fe 3 C. The su gg estio n is 
that the origin of the imp urity  build up is solute 
re distri bution during carbide precipita tion,  rather than 
e qu il ibrium segregation.
Rellick and McMahon su gg ested a model a s s u m i n g
that the embrit tling elements have ne gligible s o l u b i l i t y  
in Fe 3C and that a p r e c i pi ta ting ca rb ide  would, therefore,
tend to reject such foreign atoms, thereby causing a b u i l d ­
up of the element in the ferrite al o n g s i d e  the 
c a r b i d e- ferri te  interface.
When quench ed steel is tempered at suc ces si vely high 
temperatures above ~ 2 0 0 ° C  precipitation, c o a r se ning of 
cementite and solute rej ec tion occurs. If enough of the 
solute is an e m b r i t t l i n g  element, cohesion of the carbide 
ferrite interface is lowered. Since prec ip itation  and 
coarsen ing  occurs more rapidly in high angle grain 
boundaries, and since the prior austenite grain boun daries  
form a continuous, coarse network of high angle boundaries, 
the steel has a tende ncy to fracture with low to ughness 
along these boundaries.
Rellick and Mc Ma hon suggest that the for mation
of alloy carbides such as M 7 C 3 and M 2 3  C 6 would make this 
process more complex, if they behave diffe ren tly from 
M 3C with respect to their solubilit y for various e m b r i t t l i n g  
elements and to the cohesion of the carbide ferrite 
interface. Addition al ly, the alloyin g elements will affect 
not only the nature of the m i c r o structu re  and h a r dn ess 
but also the nature of the carbides of heat treated steels, 
and the kinetics of d is pe rsion of impurity elements. Ohtani 
and McMahon st udie d a low carbon steel 0 . 0 0 8 - 0 . 0 0 7
mass% C, 3.5 mass% Ni and 1.7 mass% Cr doped with Sb or 
P. For the Sb-doped steel the mi c r o s t r u c t u r e  which r e s ultedt
from a u s t e n i t i z a t i o n  (at 1200°C), brine que nc hing and 
tempering at 650°C was a mixture of blocky ferrite and 
a lath type st ructure re se mblin g upper bainite. After a g ei ng 
at A80°C for 1,000 hours the m i c r o s t r u c t u r e  u n d e r w e n t  a 
certain amount of recovery. The fracture path fo llow ed
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the boun da ries of the tran sformed  and recover ed ferritic 
m i c r o s tr uctur e.  Areas of this fracture had a very rough 
topography whilst others were somewhat smooth. Particles 
of these sur faces  were iden tifie d as M 3C and M 2 3C 6 carbides 
and were pre su med to have p re cipitat ed  at 480°C. These 
grain bo u n d a r i e s  c o r r e s p o n d e d  to the blocky ferrite formed 
during the initial quench.
No parti cles at grain bou ndaries were repor ted for 
the P - d op ed  alloy. M c M a h o n  et al observed  the process
of ca rbi de p r e c i p i t a t i o n  and growth in grain bounda ries 
of Sb -do pe d all oys expan di ng the work m e n t ione d above .
He found that the boundaries were initially free of
pre ci pi tate but that ca rb ide  platelets formed and incre ased 
in size and number with ageing time. The early carbides
tended to be M 3C and the later ones M 7 C 3 and M 2 3 C 6 . No 
evidence of a film-l ik e phase at grain b oundar ie s was found 
but some of the grain boundary carbid es appea r to have 
another phase formed in a s s o c iat io n with them. This phase 
was descr ib ed as havin g a flat, ton gue- li ke shape which 
seemed to grow out into the ma trix from the c a r b i d e - f e r r i t e  
interface. Examples of duplex carbides were found, mixtur es  
of M 7 C 3  and M 2 3 C 5 but these appeared differe nt from the
tong ue -like phase, whose identity was not found. He 
suggested that the carbides which were in so lution at the
675°C temperi ng (and recryst a l l i z a t i o n )  temperature, formed
1
in grain bo undaries  durin g ageing at 520°C (for times up 
to 8,400 hours) and caused an increase in the grain b o u nd ar y 
c o n c e n tr ation  of Ni . This occur re d because Ni has a low 
solubil ity  in carbi de s and it was therefore r e j e c t e d  from 
the regions which transfo rm  to carbide.
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fl6 lEdwards et al studied the temper embritt lement
behaviour of Ni-Cr steels using a commercial low alloy 
steel (EN30A) and a high purity Ni-Cr steel doped with 
425ppm Sn (BE 10).
They studied the degree of embritt lement, relating 
the variation in DBTT of both steels to isothermal ageing 
time at 500°C, following a 1 hour temper at 650°C, 
indicating that the development of temper e m b r i t tlem en t 
could be subdivi ded into three main phases. The "phase 
I" extended up to tempering times of 100 hours at 500°C 
(following a 1 hour temper at 650°C). During this phase 
the tr ansforma tion of the martens ite  to ferrite and carbides 
played an important role in governing the subsequent Ni 
segregation, which was found to be of a n o n - e q u i l i b r i u m  
nature .
The carbides formed in both steels after 1 hour at 
650°C was Fe 3 C but this transformed to a Cr rich M 7 C 3 at 
longer tempering times.
They considered the results obtain ed to be co nsisten t 
with that of a non -e quilibrium build up of tramp and alloy 
elements occurring at carbid e-ferr it e inter faces as a result 
of rejection from the supers atura te d sol ut io n within the 
carbides and diffusion to the interface, since followin g 
a temper at 650°C little further growth of ca rbides o c c ur red 
at 5 0 0 °C .
1
In specimens quenched from 950°C no' car bi des were 
present at the start of ageing and the ca rbide r e j e ction  
process on subsequent ageing at 500°C is not e x p e c t e d  to 
cont rib ute signific antly to the grain bo u n d a r y  Ni 
concentra tio n. On ageing within the e m b r i t t l e m e n t  r egi me
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r91iat 500°C, a Ni-Sn phase was observed to form 1 J . The
build up in grain boundary Ni c o nc entrati on  due to rejection 
from the car bide during ageing will attract Sn to the 
boundaries from the grain interiors in an a n a l ogou s manner 
to that suggeste d by McMahon et al . This phase was
identified in EN30A as NiaSn 9^1  ^ .
The "phase II" in EN30A extends from 100 to 700 hours 
on ageing at 500°C, following a 1 hour temper at 650°C.
The carbid es pre dominant at this stage were still M 3 C type.
The time interval for "phase III" is > 700 hours.
Within this stage the iron rich M 3 C par ti ally tran sfor ms
to Cr-rich M 7C 3 with a co nti nue d coa rse ni ng of the N i 3Sn.
U31Eyre et al carried out an ex te nsive study on the
steel m e n t ione d above. They d et er mined the ca rb ide 
population in both steels (EN30A)and Sn doped 3.3 mass%Ni-1.4mass % 
Cr (BE10) as a function of ageing time at 500°C after the 
convent ion al quench and temper at 650°C.
After tempering for 1 hour at 650°C the ca rbid e 
population is close to 100% M 3C. Energy d i s p e r s i v e  analysi s 
(EDX) in dicates that the comp os ition  of M varies quite 
widely, but it typically comprises 75mass% Fe+25mass% Cr. The 
M 3C transforms pr og ressively to M 7C 3 during ag eing at 500°C, 
reaching ~50%. The compos ition of M in M 7C 3 is a p p r o x i m a t e l y  
60-70mass% Cr + 30-40 mass% Fe. Thus, the change from one type of 
carbide to another modified the ma trix c o m p o s i t i o n  and
i
it is relevant to consider the effect this has on 
segregation.
In the EN30A steel, the grain bo u n d a r y  P content 
inc reased at early times when the c a r b i d e s  were 
pr ed om inantl y M 3 C but it underwent a s e c o n d a r y  i n c r e a s e
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at long times when M 7C 3 populat ion  increased and this again 
coi nc ides  with a se co ndary increase in DBTT.
At first sight, these results are surprising since 
the increase in M 7C 3 depletes the matrix of chromiu m which 
is pr edi cte d to increase the thermodynamic driving force 
for P seg re ga tion to boundaries.
The factors that may cont ribute to this apparent
U  3 1c o n t r a d i c t i o n  were con si dered J . Firstly, other micro-
structural chan ges are occ urrin g at the same time as the
M 3 C M 7 C 3 trans formation. Of particular relevance is the
build-up of th re e-dimen si onal Ni-Sn phases which were
identif ie d on the boundaries for ageing times of 100 hours.
Secondly, there is the pos sibilit y that P has a lower
solubil it y in M 7 C3 than in M 3C and is thus "squeezed out"
into the boundary by the rej ection m e c h an isms as the
M 3 C M 7C 3 t r a n s fo rmatio n occurs. Thirdly, replacemen t of
M 3 C by M 7C 3 may reduce the carbon level at the boundary,
which would again allow P to seg regate to the vacant 
[92]sites L .
[931Cianelli et al studied the temper em b r i t t l e m e n t
of Ni-Cr steels by Sn. The heat treatment co n s i s t e d  of
a u s t e n izat io n at 1100°C, water quench ed and tempe re d at 
6 50°C for 2 hours. The specim ens were either que nc hed 
and reh ea ted to 500°C for ageing times up to 1,000 hours
or cooled at l°C/hour to 500°C and then aged.I
They found that the e m b r itt li ng i n t e ra ct ion between
Sn and Ni was due to the effect of Ni low eri ng the
solubil it y of Sn in a - F e  .
The Guttmann analysis  ^^  suggests a r a t i o n a l i s a t i o n  
of the ten dency for the Ni and Sn to s e g r eg ate t o g et her
due to strong mutual attraction, and their tendency to 
form i n t e r m et allic compounds. This tendency is stronger 
between Ni and Sn than between Fe and Sn.
It was s u g ges te d that the temper embrittlement of
Sn- do ped Ni-Cr steels occurs by equilibr ium co-seg r egat io n
of Sn and Ni to grain boundaries in a manner analogous
to the effects of Sb and P.
[94]Ed wards  et al using M ’ossbauer spectros copy
d e m o n s t r a t e d  the existence  of a rev ersible  Ni-Sn interaction 
by s ub je cting a 3 mass% Ni steel doped with Sn to a 
classical e m b r i t t 1 i n g - d e - e m b r i t t 1ing treatment. The
i nt e r a c t i o n  was consi de red to be primarily centred at the 
grain bo u n d a r i e s  and it was related to either the increased 
number of Ni nearest neighbour s of the Sn atoms or due
to a b i - d i m ens io nal compound formation of N i 3 S n 2 or NiaSn^.
[91]T i t c h m a r s h  et al reported a detailed  electron
m i c r o s c o p i c  an alysis of the m i c r o s t r u c t u r e s  of a commercial 
(EN30A) Ni-Cr steel and a special lab or atory made steel 
(BE10) having similar Ni and Cr contents, but doped 
specially with Sn. Both steels were oil qu enc hed from 950°C 
temper ed for 1 hour at 650°C and aged at 500°C for times 
up to 5,000 hours.
C o n s i d e r i n g  the Ni-Cr steel EN30A, on ag eing for 500 
hours at 500°C the boundar ies  c o n t ai ned about 96% Fe 3 C 
and 2% hexagonal M 7 C 3 particles c ont ai ning Fe and Cr in
i
a p p r o x i m a t e l y  equal amounts. In addition, about two volume 
percent of the par ticles were analysed to contain Ni and 
Sn. Such par ticles were in variably located with small 
cl us te rs of par ticles and were a p p a re ntly a t t ached to 
Fe 3 C particles, although frequently M 7 C 3 par ti cl es were
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also present in the clusters. The structure was analysed 
and found to be cubic with a lattice unit cell size of
0.598 ± 0.004 nm which matches a Ni 3 Sn phase previously
[gelreported to be stable only above 950°C. These particles
contain signific ant amounts of Sb and Mn in additi on  to 
Sn and Ni but no P was detected, although parallel AES 
studies have shown that P is present at the grain
boundaries in sig ni ficant amounts (appr oximately 15 at%).
On ageing for 5,000 hours at 500°C the pro porti on  
of M 7 C 3 and Ni-Sn pre cip itate s increased to 15%. and 5%
by volume res pectively, the balance again being F e 3 C.
Clayton and Knott studied the extent to which
P segregates during the austeni tizing cycle, in 0.3 mass% C,
2.5 mass% Ni and 1.4 mass% Cr steel. They found that 
segregation in the Ni-Cr steel was greater at lower 
aus te ni tizing  temp era tures ( 9 0 0 - 1 0 0 0 °C ) .
They sug gested that the embrittlement troughts, at
350°C could be a t t r ibute d to the formation of nu c l e a t i o n
sites carbides in prior austenite grain bou ndari es  which
already contain segregant (P) present after a u s t e n i t i z i n g
treatment. The g r ain-b ou ndary P levels could be further
enhanced by carbide rejecti on as the carbide nuclei grow.
f 97 981Clark and Wirth ’ worked on a 4 mass% Ni-1 mass% 
Cr steel an aly sing the mic rost ructur a 1 and fr actur e data 
of three separate types of austenite decom po sition product. 
For the quenched and aged materials, all trea ted at 425°C 
after initial tempering at 610°C, a fine needle like 
pre cipitate was formed on ageing at 425°C at prior a u s t e n i t e  
grain bou ndaries and to a lesser extent at some of the 
martensite lath boundaries.
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For a given ageing time at 425°C the amount of fine 
needle like precip ita te was greater for samples that had 
had a shorter prior temper at 610°C. The onset of p r e c i p i t a ­
tion was later for samples held longer at 610°C.
Pr olo nged ageing at 425°C had shown a gradual reduction 
in the amount of the fine needle like p recip it ate and, 
in some areas, its complete disappearance, which co inc id ed 
with a decrease in the amount of brittle intergranul ar 
fracture and also a decrease in the D B T T .
For the isothe rmally tr ansform ed and aged materials, 
a complete tr ansfor mation of the austen it e to a mixture 
of ferrite and pearlite occurred after 12 hours at 610°C. 
After ageing for 8064 hours at 425°C, it was ob s e r v e d  that 
no significant change had occurred in the m i c r o s tru ct ur e, 
other than a slight growth of the carbides  in the ferrite- 
pearlite mi cr ost ructure.
They proposed that the conti nu ous f i l a m entary  
precipitate formed during the early stages of the process 
after a single temper of 425°C was similar to p r e c i p i t a t e  
formed at the prior austenite grain boundar ie s after a 
double temper, thus providing poor coh es ive s t r engt h at 
the prior a u s t e n i t e •grain boundaries, giving totally brittle 
in tergran ular failure.
The globular precipitates present at prior a u s t e n i t e  
grain boundar ies in the softest tempered m a r t e nsit e,  acted 
as a nuclei for ductile int ergranular fracture initia tio n. 
It was sugg ested that in the initial stages solute r e j e ct ion 
occurred at the p a r t i c 1e/matrix interface  during t e m p e r i n g  
at the lower temperature, although there was no direct 
evidence to confirm this because Auger E l e c t r o n  S p e c t r o c o p y
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did not have sufficient spatial resolution.
[99]More recently Wir th et al investigated a laboratory
cast of vacuum melted steel (3.5 mass% Ni, 1 mass% Cr ) . 
One half of these sam ples were tempered for 1 hour at 600°C 
and aged at 430°C for up to 2 years. The other half was 
quenched directly to 430°C to produce bainitic structures, 
then aged for similar times. In the quenched and tempered 
martensite mi c r o s t r u c t u r e  the grain boundary precip itatio n 
sequence was ( M 3 C) -*'(M3C + M 7 C 3 )*> ( M 3C + M 7C 3 + Mn- containing
G phase) with inc reasing  embrittlement time.
In the embrittled isothermally trans formed material 
the sequence was ( M 3 C) + ( M 3C + extremely small quantities 
of M 7 C 3 ).
It was suggested that, although int ergranu lar failure 
was related to the ob se rvation of enhanced c o n c e n t r a t i o n s  
of Sb at grain boundaries of tempered embritt led martensite, 
it is clear that the initial microstr ucture prior to ageing 
at 430°C, determines the extent to which Sb can diffuse 
much more easily in the martensite even though the 
dislocation density is greater in the bainite. This 
indicates that the Sb is likely to be a s s o c i a t e d  either 
with particles or atomic complexes. The levels of Sb found 
by EDX analysis in the M 3 C particles were too small and 
variable to determine any consistent trends corr e l a t i n g  
composition to microstructure. However, the fact that
t
M 7 C 3 appeared much earlier in the ageing se que nc e of the 
martensitic structure is consistent with M 3 C - > M 7 C 3 re ac tion 
releasing Sb which can diffuse to boundaries.
Another possible explanation was the r e j e cti on  of 
Ni into the grain boundaries from the M 3 C p a r t icl es  at
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these sites (formed at 600°C) during 430°C ageing. The
Ni att ract in g the Sb to the boundaries in a manner similar
[91f 94]to the Ni-Sn i nterac ti on described  pr ev iousl y * the
auger ana ly sis showed a gradual increase in Ni con cent ratio n 
at grain boundaries, above the matrix value, for the 
quenched and te mpere d samples. In the case of the
iso therm al ly  tr an s f o r m e d  material the c o n c e n tr at ion  of 
Ni at grain b o u n da ries was similar to the matrix. After 
lon g-term ag eing the Sb c o n c e n tr ations  were similar in 
both conditions.
It is clear that the role played by the mi c r o s t r u c t u r e  
in temper e m b r i t t l e m e n t  exerts a major in flu ence on the 
paramete.rs g o v e rning seg re gation  and, more indirectly, 
through its effect on mechanical properties. However, much 
work remains to be done on this aspect. Therefore, clear 
co nnectio n or inte r a c t i o n  between the m e c h a n i s m s  of 
se gregat ion and m i c r o s truc tu ral aspect related to temper 
emb rittl em en t is yet to be found.
42
CHAPTER 2
E X P E R I M E N T A L  PROCEDURES
2 . 1 Manu f a c t u r e  of Alloys
The alloys used in this inve sti gatio n were made in 
a high frequency vacuum furnace as 10 kg melts and cast 
into cast iron moulds  to produce two individual 5 kg ingots
5.5 cm x 5.5 cm x 18 cm long.
The ma terials used to make the alloys were Jap an ese  
elect rol ytic iron and carbon as graphite plus a d d i t ions 
of Si, Al, Ni, Cr, Sb and Mo, as the s p e c t r o g r a p h i c a l l y  
pure e l e m e n t s .
Alloyin g addit ions were calculated on the basis of 
100% yield using a total charge weight of 10 kg. The 
elec tro lytic iron, graphite, Cr, Ni and Mo were all ch a r g e d  
to the cold crucible  prior to comme nc em ent of melting. 
Melting was carr ied  out under a pressure of 200 torr of 
argon. On completion of melting, the furnace was eva c u a t e d
- 3to 10 torr and the melt held at this te mperature for 
10 minutes. The pressure was then incr eased to 200 torr 
by admission of argon and then the silicon, m a n g ane se  and 
when appropriate, antimony added. Table I lists the chemical 
composit ion of the alloy s in mass percent.
2 . 2 Processi ng
1
The ingot produced was then hot forged at 1250°C to 
A cm diameter round, followed by final rolling to 2 cm 
diameter bar. The as rolled bar was ma ch ined into Izod 
impact test pieces, each cont ainin g three t r a n s v e r s e  
n o t c h e s .
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2.3 Heat Treatments
All heat treatments, austeni ti zati o n , tempering and 
ageing were ca r r i e d  out in muffle furnaces.
The Izod specimens were coated with Berkatekt, a
protective s u b st an ce to prevent oxid at ion during the
subsequent heat treatments.
All the sp ec imens were a u s t e n i t i z e d  at 875°C for 1 
hour and then either water quenched to room temperature, 
quenched in a salt bath at 350°C or 430°C or tr ansferred 
to another mu ff le furnace.
To obtain tempered martensite, after quenching to
room te mp erature the specimens were tempered at 600°C for 
1 hour and then emb rittled.
The bainitic speci men s were i so th ermally  tra nsform ed  
after the a u s t e n i t i z i n g  treatment in either a muffle furnace 
at 430° C or quenched  in a salt bath at 430° or 350°C and 
then tr an sferre d to a muffle furnace for the e m b r i t t l i n g  
heat treatment. To obtain pearlite the specimens were 
transferred from the a u s t e nitizi ng  heat tre at me nt to a 
muffle furnace at 580°C for 48 hours, and then emb ri tt led.
The e m b r i t t l i n g  heat treatment was perform ed  at 430°C, 
in a muffle furnace, for 24, 720, 2160, 8760 hours for allalloys
except alloy 1 which was aged to an extent of
1 7 , 5 2 0  hours for the bainite and quenched and te m p e r e d  
martens ite  conditi on.
kAll alloys were heat treated to obtain qu en ched and 
tempered m a r t e n s i t e  and bainite m i c r o s t r u c t u r e s  except 
for alloys 1, 2 and 3 which were heat t r e ate d to
obtain a pea rl ite str ucture as well as the bainit ic  and 
ma rtensi tic struct ure s. Table II de scribe s the heat
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treatments applied.
2.4 Metal 1og ra ph y
Optical m i c r o s c o p y  proved to be in suf fic ient due to
the fine m i c r o s t r u c t u r e  produc ed by the heat treatment 
applied, to assess this fine mi c r o s t r u c t u r e  scanning electron 
microscopy (SEM) of the polished and etched samples was 
utilized.
The etc ha nts used were as follows:
1. 2% Nital - 2% V/V concentrated N H 0 3 in alcohol.
2. Aqueous Picric - satured solution of picric acid
i n water + 5 ml H C 1 .
3. Ethereal Picric + CTAB - 20 g of picric acid +
100 ml of ether + 1.0 g of cetyl trimethyl ammo n i u m  
bromi d e .
To obtain a clear outline of prior and grain bo un d a r i e s  
double etching, for example etchant 1 followe d by etchant 
2, had to be applied. All the specimens were mo u n t e d  in
conductive ba ke lite to provide good elec tr ical co nta ct  
for e xami na tion under sca nning electr on  m i c r o s c o p y  (SEM). 
Standard pol ishin g techniques down to 0 . 2 5 y m  diamond were 
used to prepare speci mens for m e t a l l o g r a p h i c  exami n a t i o n s .  
After etching the specimens were gold coa ted and e x a m i n e d
i
by SEM.
2 . 5 Mechanica l Test ing
2.5.1 Izod Impact Testin g
The impact testing was carried out on an Avery Izod
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impact test machine at temperatures in the range -196 
to +200°C. All the specimens were initially tested at 
ambient temp er ature and then above it and/or below as 
require d to det ermine the impact transition curve, for 
each heat treated condition. After each fracture had 
been carr ied  out examin at ion of the fracture face using 
scan nin g electro n m i c r oscop y (SEM) was undertaken. This 
procedure permitt ed the selection of the temperature 
for subs equent tests according to the trend followed 
by a specific microst ructure. For instance, if the
specimen had failed in a ductile mode at ambient
temperature the subsequent test would be carried out 
at t e m p e rat ur es below ambient temperature regardless 
of the energy value obtained for the room tempera tu re 
impact test. The same procedure was applied for all 
further tests at appro pri ate temperatures of testing.
The e x a m i n a t i o n  by SEM was carried out on each speci me n 
tested. The impact energy values obtained took into 
co ns i d e r a t i o n  two sources of error, machine reading  
(systematic error) ± 1 Joule and the a v e ragin g of three
results giving a random error of ±1.5.
2.5.2 Hardnes s Testing
Hardness me asu remen ts were carried out using a 
Vickers pyramid indenter, at a load of 30 kg, on all
i
specimens. The surface of the specimen' was prepar ed  
to a 600 grit finish, hardness results were c a l c u l a t e d  
by taking the average of several imp ressions. All sets 
of raw data were within ± 10 H v 3 Q , there fore an error
bar for all H v 30 reading of 300 will give, limits of
46
300 ± 10.
2 . 6 Ele ctron Micr oscopy
2.6.1 Scannin g Electron Microscopy
All the fractured specimens were examined by
scann ing  electron micr oscopy on a Philips PSEM 500 unit 
in order to elu cidate the changes in fracture c h a r a c t e r ­
istics with varying mi cro st ructure s and test temperature.
The etched specimens were gold coated  (using a
g o l d - p a l 1adium alloy) in order to produce a clear
di stinct ion of the grain boundaries. Shadowing was shown
to improve the discriminatio n of grain boundaries..
2.6.2 T ra ns m i s s i o n  Electron Microscopy
The instruments used in this inves t i g a t i o n  were 
a Jeol 100 CX with a side entry eucentric uniaxial tilt
stage and a scanning transmission  facility  plus EDX
an alytical capability, a Philips 400T fitted with similar 
attachme nts and a dedicated sc anning  t r a n s m i s s i o n  
microscope, the VGHB501.
Most of the observations have been carrie d out
utilizing thin foil techniques and carbon replicas. 
The scanning transmis sion technique is of part icula r
importance to the id entificatio n of the particles' 
chemical composi ti on in that it allows the beam to be
i
focussed to a small spot size compa r e d  with the usual 
transmission spot size. Electron d i f f r a c t i o n  (s elec ted 
area and converg ent beam techniques) annu lar dark field 
and normal dark field imaging were used to i d e ntify  
particles and phases present in a given m i c r o s t r u c t u r e .
hi
Thin Foil T e c h n i q u e
One end of each specim en was ma chi ned into a 3mm 
rod. Discs of ~ 0 . 5 m m  in thickness were cut on a small 
slittin g machin e. These were ground on both faces using 
i n c r e asin gl y fine grades of grind ing papers (240 down 
to 600-g rit) until the thickness was reduced to about
0.08mm. A Struers unit was uti lized  to produce polishing, 
thinn ing  and pe rf o r a t i o n  of the discs in one operation. 
The e l e c t r o l y t e  used was 10 or 6% V/V P e r c hl oric acid 
in w a t e r-fre e methanol. Excellent polis hin g cond iti on s 
were o b t a i n e d  when the electr ol yte was cooled  down to 
-4 5 °C and -60°C.
Replica T e c h n i q u e
The specimens for repl ication were pol is he d and 
etched, in order to obtain a clear outline of the grain 
boundaries, some specimens required m u l tip le  etchin g 
to fac ili tate a good di s c r i m i n a t i o n  of the grain 
boundaries.
Befor e coating, the specimen was cl e a n e d  with a 
sheet of r ep licat in g plastic which is ap p l i e d  to the 
etched surface using an acetone solvent and left to 
dry. Once dry this replic ating  plastic is str i p p e d  
off and the sample u l t r a s o n i c a l 1 y cl eaned for a p p r o x ­
imately 10 minutes. A sheet of r e p l i c a t i n g  plastic is
i
again a p p l i e d  to the surface, as de s c r i b e d  above, and 
only s t r ip ped off just before the s p e cime n is placed  
into the carbon coating chamber. After c a r b o n •c o a t i n g , 
a square grid is scribed onto the r e p l i c a t e d  surface. 
The carbo n film formed on the spe ci men su rfa ce  is
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loosened by elec t r o l y t i c  etching using the normal 
standard techniques. 'After etching the specimen was 
washed in methanol and immersed in dist illed water where 
the small square pieces of the thin film were collected 
on a double copper grid for further e x a m inatio n by T E M . 
This techni qu e proved to be very efficient in determ ining 
the mor p h o l o g y  of the carbides present in a given
mi crost ruc ture.  In this way it was possib le to undertake 
electro n d iffrac ti on techn iques without any c o ntri bu tion 
from the matrix.
2 . 7 An al ytical  T e c h n i q u e s
2.7.1 X-ray P i f f r a c t o m e t r y
All the alloy s studied were exa mined by X-ray 
d i f f r a c t o m e t r y  in the a s - r eceive d and heat treated (at 
875°C for 1 hour and then water quenched) c ondit io ns 
in order to de ter mine if there was any retained austenite 
in these two conditions.
This e x a m i na ti on was made on a Philips d i f f r a c t o ­
meter using m o n o c h r o m a t i c  Co K a  radiation. The m e t h o d
of ana ly si s was based on its int egr ated in te n s i t i e s  
of d i f f ra ct ed beams by comparing the i n t e g r a t e d  
inten sit ies of ref l e c t i o n  planes (h k 1) of m a r t e n s i t e  
(bcc) and auste nite (fee) phases.
The relation between c on centra ti on and int e n s i t y
1
is not ge neral ly linear since the dif f r a c t e d  i n t e n s i t y  
and c o n c e n t r a t i o n  depends marked ly on the a b s o r p t i o n
co eff icient of the mix ture and this itself varies with 
conce ntr ation. To analyse a mixture of two phases 
a and 8 a part icula r line of the a-phase is c o n s i de red.
Where I is the intensity of this line for the phase
phase a .
The in te grated intensity of a diffra ction line was 
ca lcula te d by following the equation given by Durnin and 
Ri dal [100] .
Ihkl = n ’Vra (LP) e" 2 M ( f -f ) ’ 
where I(hkl) = integrated intensity of hkl reflection
n = number of cells in c m 3
V = volume exposed to X-ray beam in c m 3
LP = Lorentz Pol ar iz ation Factor
m = multipl icty of (hkl) planes
-2Me = Debye-Wall er tempera ture factor
F = structure factor
f = atomic scatter ing factor
2.7.2 Sur fac e Analysi s
The eq u i p m e n t  utilized for Auger Electron
Spectrosco py  (AES) and Se c o n d a r y  Ion Mass S p e c t r o m e t r y  
(SIMS) was a V. G. Scie ntific MI CROLAB 500. This
equipment can perform scan ni ng electron m i c r os copy
(SEM), sc a n n i n g  Auger m i c r oscopy (-SAM), energy dis pe rs ive
X-ray a n a ly si s (EDX), scanning SIMS m icrosc op y (SSM), 
and depth p r o f i l i n g  in both AES and SIMS mode. Figure 
1 shows these int er a c t i o n s  schematic ally.
T o p o g r a p h i c a l  inves t i g a t i o n  by SEM and SAM
allows imagin g and element mapping of a s p e cim en  from 
different fracture mo rp hologies. EDX enables elemental
analysis of the sem i-bulk material and can be 
performed c o n c u r r e n t l y  with AES. SIMS f a c i 1i titates 
the d e t e r m i n a t i o n  of isotopic ratios and chemical 
information from the sputt ered molecules. SSM permits 
element m a p p i n g  at lower c o n c e n t r a t i o n s  than is pos sible 
with SAM. Note that SIMS detects compounds, i.e. FeO, 
whereas AES det ects atomic species, i.e. Fe and 0.
2.7.2 (a) Auger Electr on S p e c t roscop y ( A E S )
Auger e l e c t r o n s  are produc ed by i r r a d i a t i n g  a
sample surface with a focussed primary beam of ele c t r o n si
of energy (Ep) typical ly in the range 2-10 Kev, a l t h o u g h
O
in this in vestigati on, where 500A spatial r e s o l u t i o n  
was required, 20 Kev and even 30 Kev has been used.
Many elastic and in elastic s c a t te ring r e a c t i o n s  
occur to pro duce emitted radiation. Only ~ 1 in 1 0 5 of
the emitted e l e ctro ns  arise  from the Auger process; 
Auger elect ro ns are d i s t i n g u i s h e d  by having energies 
which are i n d e penden t of Ep and c h aract er istic only of 
the samples from which they arise.
The Auger process is ill ust ra ted sch emat ically  in 
Fig. 2(a) where the par tic ular Auger electron 
origina ted  from an Si atom ion ized by the ejection of 
a K electron. The K vacancy is filled by an Lj electron 
and at the same time an L  ^ , L electron is emitted
as an Auger electron. The n omencla tu re used to describe 
this specific  proc ess is t *18 e n e r Sy level
from which the el ec tron is ejected is named first, the 
level from which the el ectr on  falls named next, and the 
original level of the ej ected Auger electron named last. 
After the emission of the Auger electron the atom is 
doubly ionized.
The p ro babili ty  of an ionized atom emi tt ing a 
specific energy Auger ele ct ron is go verne d by two factors, 
the fluorescent yield ( u) ) (which defines the prob ab ility 
of an X-r ay being em i t t e d  rather than an Auger elec tron
where and A^ are the number of X-ray photons e m i tte d 
and the number of Auger electro ns  emitted) and the number 
of different Auger el ectron s which can be emi tte d as 
an atom returns (eve ntual ly) to the ground state. To 
determine the number of tran si tions it is n e c e s s a r y  to
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know the number of initial and final electron c o n f i g u r ­
ations where final refers to the doubly ionized state 
and not to the ground state. Con side ration of the energy
levels in doubly ionized and singly ionized atoms shows 
that for the KLL Auger transitions there are six Auger
transitions for low and high atomic number atoms but 
nine for atoms of interme diate  atomic number.
The energi es of Auger electrons can be de te rmined
by con sid er in g the transitions depicted in Fig. 2(a).
The energy released  where the electron falls into
the k shell is ( E ^ - E ^  ) but the electron has to supply
the energy (E. , + <J> ) , to escape from the sample,
II , 1 1 1
where (J) is the work function. (Work function (J) is the
dif ference in energy between the Fermi level v of a solid
and the energy of the free space outside the solid (vacuum
level.) At absolu te zero the work function is the m i n imu m
energy required to remove an electron from a solid.
Because the atom has an extra positive charge, i.e.
because it is doubly ionized, the term Ej . should
II ,LIII
be a p p r o x i m a t e l y  equal to the io ni zat ion en ergy
of the next heavier element, so that . (Z) =
I I ,LIII
= El i (Z+l). Thus, the energy of the Auger el e c t r o n
I I ,LIII 
E(Z) is given by
E (Z ) = [ER (Z)-EL (Z) ]-[E l l (Z+l)+4>] (2)
* At absolute zero all the electrons in a solid occupy 
the lower levels and the valence band is filled to a 
certain energy, whilst no higher levels are o c c u pie d.  
This level of maxi mum energy is called the Fermi level 
( E f ).
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The measured energy will, in fact, have an additio nal 
term ^ )» which is the difference between the work
functions of the energy analyser d>^  and the sample 
emittin g Auger electrons. Thus,
E(Z) = [ E , ( Z ) - E T (Z) ]-L E (Z+D+d).] (3)
k L I I I ,LIII
so that the work function <J> is elim inated  from the
measur eme nts.
Equ ation  (2) is clearly limited since it pr edicts
that E,. . , = £ E , t t . although  the be gin ning
I I I  III I I ’ III 1
and final states are identical so that the Auger el ec tr ons
must have the same energies. Re finemen ts in equa ti o n
(2) takes into account quantum mec hanical effects which
removes this problem and gives excellent (within 1%)
ag reement between experiment and theory.
The poss ibility  of other transitions which can
influence the relative intensities of Auger and X- r ays
must be considered. The C oster- Kr onig t r a n si ti ons are
particular ly  significant because they involve t r a n s i t i o n s
within one shell, e.g. of the type L j j j  and and
L j j L j *  The effect of this is to alter the re l a t i v e
intensity of Auger Electrons expected from the a r g u m e n t s
given above, and in addition, the energy a v a i l a b l e  from
these transitio ns may result in line bro adening. The
Iinfluence of acc eler at ing voltage on the g e n e r a t i o n  of 
Auger ele ct ro ns is reflected in the i o n i za tion cross 
section.
The ion iza tion cross section, taken in c o n j u n c t i o n  
with the fluorescent yield, and the p r o b a b i l i t i e s  of
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the various transitions, control the int ensities of the 
Auger sign als  generally for a given beam current. The 
Auger signal gen era te d by electron irradiation is 
s u p e r i m p o s e d  on a high back ground signal made up of 
low energy sec on dary electrons .
The comp e t i t i o n  between the X-ray and the Auger 
ele ctr on is such that they are quite equal for heavy 
e lem ents but i nc reasing ly  biased towards the Auger process 
for lighter elements. The energi es of Auger electron 
e mi ssions are in the range 20-2500 eV and the cross- 
section for all the elements is such that the sensitivity 
of the te ch nique varies by a factor of only 30, when 
the peak he igh ts of the dominant Auger transitions  are 
plotted as a function of atomic number. It is, therefore, 
possible to analyse for all elemen ts other than H and 
He by ma ki n g  a single sweep of the analyser. Detec tion 
limits range from about 0.01 to 0.3 mass%  ^ ^
2.7.2 (b) S e c o nd ar y Ion Mass Spe ct r o m e t r y  (SIMS)
A basic SIMS appar atus consists of a primary ion 
source, sample holder, second ar y ion mass filter and 
sec ondary ion detector.
The i n t e ra ction of ener getic ions with a solid 
results in the production of atoms and m o l ec ules in
neutral and charged states. SIMS involve s mea surem en t
(
of the m a s s / c h a r g e  (m/e) ratio of the ejected (secondary) 
positive and neg ative ions.
A l t ho ug h only a small fraction (0.1 to 10%) of the 
total spu t t e r e d  species are ions, the high detec tion 
se ns itiv it y for ions by mass s p e c t r o m e t e r  makes the
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t ec hnique a s e n s i t i v e  tool for surface analysis, Elemental 
(i nclud in g H), isotopic and molecular (hence chemical) 
i d e n t i f i c a t i o n  is a particular asset of the technique. 
The depth of analysis, which is an important consi de ration 
for segr e g a t i o n  studies, depends pri marily upon the 
sput tered  depth durin g the time of analysis. It typically
Oe xt ends beyond 5 to 50A depth, depen ding upon the energy 
of primary ions, the ion pro duc tion area (contr oll ed
by beam size and raster gating par ameters) and ion
. . . .  [103]de te ct ion s e n s i t i v i t i e s
For surface an aly sis a primary beam of Argon ions 
at current densi ti es greater than 1 mA c m ” 2 is used with 
an ion beam of 20 to 100 Urn diameter.
In the static SIMS mode the m i n im um  surface erosion 
is obtai n e d  using the lowest current densities, thus 
the techniqu e has a very high surface sensitivity, 
e s p e c i a l l y  to el ect ro positive elements # j n surface
imaging and an alysis  a liquid-metal ion source was also 
used at cur rent densi ties of 0.637 mA cm-2 having a beam 
diameter varying from 500& to 1 0 0 U m .
The s e n s i ti vity of SIMS for some eleme nt s is 
e x c e p t i o n a l l y  high (parts per billion). At higher current 
de ns it ies the sample surface may be spu tt ered away to 
give depth profile informa tion directly. For spu t t e r e d  
particles the total number can be counte d and the sputter
t
yield can be determined, i.e. the number of s p u t t e r e d  
atoms per inciden t ion, the sputter yield can then be 
used to obtain relative  comp osition  against depth profile 
i nf or mation  .
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The Physical Basis of the SIMS Process
When an ion beam interacts with a surface a range 
of i n t e r action s occurs, i.e. refle ct ed ions, sputtered 
ions, neutral atoms, electrons and photons will be 
ejected. SIMS uses information from the sputtered ions. 
Figure 2(b) shows sc hematically  the pr inc iple of SIMS. 
Each incident ion transfers its energy to the sample 
lattice through a ’'collision c a s c a d e ” and ions esc ap ing 
from the surface as a result of this dist ur bance are 
said to be sputtered. Only a fraction of the sputte red  
atoms are ionized and pass through the mass spectrometer. 
Usually it is the positive seco ndary ions which are 
collected. Not only are monatomic ions produced, but 
also ionized cluster of atoms. These are not n e c e s s ari ly  
fragments of the sample lattice, but may consist of 
arbi tr ar y combi na ti ons of atoms, i n c lud in g the bom b ar di ng 
species (e.g. 0, Ar) and con tami nants (e.g. C,H), these
are called ’mo lecular p e a k s ’ .
The Ion Source
It is standard practice to use argon b o m b a r d m e n t  
of the sample to obtain SIMS data since this can also 
be used to clean the surface and es t a b l i s h  depth pro file 
analysis.
The ion source used was Argon ion gun type (AG61), 
which is a hot filament electro n impact ion sour ce 
prod uci ng an inert gas beam into a spot of about 20 to 
100 microns of diameter and very high current d e n s i t i e s  
greater than 1 mA cm 2 . This source can be used for 
static, dynamic scanning SIMS and for small area de pth
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profiling where operated at ma xi mum beam current. This 
gun operat es at acc elerati ng  voltages between 1 and
5 kV and at pressures in the' analysis chamber between
3 x l 0 -7 - 3 x l 0 -6 torr. The ion current on the sample varies
with both voltage and pressure, for instance, it will
provide about 20 y A at a spot of 5mm diameter at an
a cc e l e r a t i n g  voltage of 5 k V .
The most recently devel oped type of ion source is
the field emissio n liquid-metal ion source. A needle
whose tip has a radius in the range 1-10 y m is placed
with its shank passing through a c l o s e - f i t t i n g  cap il lary 
tube into a reservoir of liquid metal. The material of 
the needle is chosen so that the liquid wets it, but
does not react with it. On wetting, the liquid metal 
is drawn up over the protrudin g needle and over its tip
by capil lar y action, any loss being made good by flow 
from the reservoir. A high voltage between 4 and 10 kV 
is then applied between the needle and an extr ac tor  
elec tro de positione d a short distance in front of the
needle, where upon the film of liquid metal co v e r i n g  
the tip is distorted into a cus p-sha pe d protusion. This 
protusion is formed by the balance of forces due to 
elec tr osta ti c stress and surface tension. Due to the 
consequent very high electric field at the tip of the
cusp, a beam of positively charged metal is formed, which
\
is then extracted through a circular ap e r t u r e  in the 
[104]extractor
A liquid Gallium ion gun was also used in this
inv estigation. Its perf or mance  pr o v i d e d  much hi gh er  
spatial resolution than, that can be a c h i e v e d  with the
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argon ion gun. The spot size obtained was of the order 
of 100 Um. Source energies of between 10-30 kV were used 
with specimen currents as low as 50 pA to produce the 
inf or ma tion without causing undue damage to the specimen.
The Hass Filter - Q u a d rupo le
In SIMS a mass spectrome te r is used to analyse the 
spu tt er ed par ticles since both atomic and molecular 
inf or ma tion can appear in the spu tt ered ion spectra,
it can, in principle, determine the surface elemental 
and chemical comp o s i t i o n  from the mass spectrum.
The unique adva ntages  of SIMS are the ability to
detect mass with an accuracy which allows the d e t e r m i n ­
ation of isotope ratios and chemical information from
sp utter ed  mol ecules and its ability to detect all elements
j xt [104] except He and Ne .
In the V. G. MI CROLAB  500 analysi s of the sputtered 
species were undertake n using a mass quadrupole
(MM12-12S) with a mass range 0-800 amu. A quadrupole 
consists of a group of four cylind rical rod- shaped
electrodes. The basic concept of this device is to provide 
a potential field distribu tion, periodic in time and 
symetrical with respect to the axis, which will transmit 
a selected mass group and cause ions of improper mass 
to be deflected away from the axis . The ions enter
an extract ion lens and the polarity of the applied 
voltages det ermines the polarity of the secondar y ions 
that enter the analyser. Ions of the correct polarity 
then pass into the spherical capacity  an alyser which 
allows only those within a narrow kinetic energy range
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to pass through. All neutrals and ions above and below 
the kinetic energy range are absorbed. The ions then 
enter the quadrupole mass s p ectrome te r which selects 
ions with a particular mass to charge (m/e) ratio from 
all others. This is achieved by ap plyin g known RF (radio 
frequency) and DC voltages to the quadrupole. Finally, 
ions with the selected m a s s - t o - c h a r g e  ratio pass through 
the quadrupole and are detected using the electron 
m u l t i p l i e r ^ 107^.
The resolution  described by the manufa ct urers for 
the MM1 2- 12S is of a 10% valley between adjacent peaks 
of equal height or a 5% width of a single peak equal 
to 1 amu throughout the mass range (0 to 800 amu).
Abund anc e sensitiv ity is a meas ure  of the ability 
of an ana lyser to detect low con c e n t r a t i o n s  of a trace 
element. It can be severely limited if the trace e l e m e n t ’s 
peak in the spectrum is ove rlapp ed  by the ’t a i l ’ of an 
adjacen t major peak. The abund ance se nsiti vity of the 
MM12-12 S is given as the ratio of the count rates at 
mass 38 and mass 39 (main 3 9 K + peak) in a KBr pos it ive 
SIMS spectrum, and is greater than 1 in 1 0 5.
The Ion Detector
The electron mult iplie r is a very sensiti ve detector, 
the mu l t i p l i c a t i o n  of the signal is so high that a single
i
ion striking the col lector can be detected in the output 
signal. The ion beam after passing through a de fini ng 
slit (the collector slit as opposed to the source slit), 
strikes the metal col lector and causes a small number 
of electrons  to be emitted. The number of e l e ctro ns  is
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proportional to the in ten sit y of the ion beam. These 
electrons are a c c e l e r a t e d  by a voltage drop to an 
electrode where they promote further emission. A series 
of twelve to fifteen such stages results in a large build 
up of electron current which is finally collected, 
amplified further, and sent to the recorder. The voltages 
on the electrode series can c o n v e n i e n t l y  be varied to 
give the desired signal m u l t i p l i c a t i o n  .
Scanning SIMS and Depth P r o fi li ng
Scanning the ion beam across an area of interest 
on the specimen will clean the specimen and liberate 
secondary electrons. These sec on dary electro ns can be 
used to display an ion induced em is sive mode secon dary 
electron micrograph (physical image) of the specimen.
In SIMS depth profili ng the beam needs to be scanned 
slowly at low specimen current and a system of raster gating 
is introduced so that depth pro fi ling i nf or mation  is 
only derived from a central po sition of the total etche d 
area. This prevents spurious data from etch crater walls 
contribu tin g to the depth profile. A slow scan rate is 
also required for chemical imag ing to com pe ns ate for 
the relatively long flight time of ions from the specimen  
to the SIMS analyser
C H A P T E R  3 
E X P E R I M E N T A L  RESULTS
Criteria Applied to the An a l y s i s  of the Fracture Res ults
In analysing the mode of fracture and the level of 
embrit tle ment the following cr it eria were taken into 
a c c o u n t : -
1. An alloy which did not show a complete intergranu la r 
mode of fracture, but some patches of i n tergran ul ar  
fracture (i nt e r g r a n u l a r i t y ) ,  either mixed with 
cleavage or ductile mode was co nsidered embrittled,  
i.e. as a sign of e m brittl em ent.
2. The lowering of the upper shelf energy was also
taken into c o n s i d e r a t i o n  as a loss of tough ness 
and the shift of the impact transition t e m p er at ure 
to higher tem pera tures was also used as an in d i c a t i o n  
of the level of e m b r i t t l e m e n t  suffered by a given
alloy.
3 . 1 Impact Testi ng and M i c r o s t r u c t u r a l  Asse ssm en t
The fracture a p p e a r a n c e  varied with the degree of
embrittlement, test te mp erature and m i c r o s t r u c t u r e . There 
was also a variation in fracture c h a r a c t e r i s t i c s  from
the notch to the end of the fractur e path.
The quenched and tempered  m a r t en si tic s t r u c t u r e
cont ain ed a large pro po rt ion of i n t e r granu la r fract ur e
compared with the isot h e r m a l l y  tr an s f o r m e d  bai nitic or
pearlitic mi cr ostruct ur es for al lo y s  1, 2 and 3.
For alloys 4 to 11 inclusive, in the qu e n c h e d  and
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tempered mart ensitic  condition, a large proportion of 
int erg ranular fracture was evident compared with the
is othermal ly tran sformed bainite mic rostru ct ure when
tested at ambient temperatu re was also observed.
Alloy 1 showed the largest proportion of i n t e r ­
granular fracture for both the quenched and tempered
martensitic and isothermally  transformed bainitic 
conditions. Alloy 2 only showed intergranular  fracture 
in the quenched and tempe red martensi tic microstru ct ure.
A qu asi-clea vage low energy fracture mor phology  was
observed for all the micro st r u c t u r e s  studied in alloy
3. However, a small amount of int ergranular fracture 
was observed in the quenched and tempered mart e n s i t i c  
condition after holding for 8,760 hours at 430°C. By 
contrast the mode of fracture for this alloy at a higher 
testing temperature (~200°C) was mainly ductile.
For alloys 5, 7 and 11 tested at ambient tem pe ra ture , 
there was a tendency to show in te rgranularit y after ag eing 
for 2,160 hours at 430°C for the quenched and te m p e r e d  
martensitic micros tructure.  In the case of the 
isothermally tra nsformed bainitic mic ros tructure, with 
the exce ption of alloys 1 and 3, none of the a l l o y s
studied showed signs of interg ra nularit y at any of the
ageing times applied.
Because of the large number of variables involved,
!
the results obtained will be conside red  ini tiall y by 
grouping the alloys into pairs. Each pair ha vi n g  the
same base chemical com positi on  except for the a d d i t i o n s  
of Sb and/or Mo. The actual cast c omposi ti on is given 
in Table I.
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3.1.1 Alloys 1 and 2 ( ~ 1 m a s s %  Cr, ~ 3 m a s s % N i ,  effect
of S b )
Alloy 1 contain ed 500 ppm of Sb to permit comparison 
with alloy 2.
Heat Tr eatment A
A u s t e n itizati on  of 875°C for 1 hour followed by 
direct transfer to a muffle furnace at 430°C for 
isothermal ageing.
The kinetics of the processes leading to e m b r i t t l e ­
ment can be greatly infl uenced by the first step taken 
immediately after the au s t e n i t i z a t i o n  treatment. In this 
case (Heat Treatment A) the samples were allowed to cool 
to 430°C in a muffle furnace.
For heat treatment A, isotherm ally tran s f o r m e d  
bainite, aged for 8,760 hours, alloy 1 shows intergra nu lar 
fracture even when tested at +200°C (Fig. 3). This alloy
not only shows a change in the mode of fracture from 
cleavage to intergr an ular but also a lowering of the 
upper shelf energy (Fig. 4) with increas ing ageing time.
For alloy 2 there was an increase in the upper shelf 
energy with increasin g ageing time (Fig. 4) and this 
alloy did not show (for this micro st ructure ) any 
intergranul ar ity in the mode of fracture.
In alloy 1 the mode of fracture changed from cl e a v a g e
i
for 24 hours ageing to intergr an ular after 8,760 hours
ageing (Fig. 5) when impact tested at am bi ent
temperature. Alloy 2 did not show any change in the mode
of fracture with increasing ageing time for this 
m i c r o s tr uc tu re at any testing temperature.
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Figure 6 co mpa r e s  the ageing  curves for allo ys 1
and 2 in the is ot h e r m a l l y  trans for med bainitic condition.
Figure 7 shows a tra nsmiss io n electr on  m icrogra ph  of
the str ucture o b t a i n e d  for alloy 1 in the i soth er ma lly
transformed bainitic condi tion after 24 hours ag ein g
at 430°C. Figure 8 illus tr ates the a p p e ar ance of this
same m i c r o s t r u c t u r e  after 168 hours ageing at 430°C
f 991(treatment car ried out on a parallel work L J ) . Figur e 
9 shows an annular  dark field image of alloy 1 after
8,760 hours ag eing at 430°C, a d i s c o n t i n u o u s  n e t w o r k
of pr ec ipi tates is shown and there are signs of 
s p h e r o i d i z a t i o n . Figur e 10 shows the bright field image 
of this m i c ros tr ucture.
Figures 11, 12 and 13 show a scanning el e c t r o n
mic rograph o b t ained for alloy 1 for heat tre atm en t A 
at 24, 2,160 and 8,760 hours ageing at 430°C. Note the
coarsen ing  of the grain boundaries. Figure 14 i l l u s t r a t e s  
a scanning electro n micr ograph of the structure ob t a i n e d  
for alloy 2 for this heat treatment after 24 hours a g e i n g  
at 430°C, showing cont inuous  p r e c i p i t a t i o n  at the grain 
b o u n d a r i e s .
Heat Treat me nt  B
Au s t e n i t i z a t i o n  at 875°C for 1 hour follo we d by 
water quenching, te m p e r i n g  at 600°C for 1 hour and a g ei ng  
at 4 3 0 ° C .
For the quenched and tempered m a r t e n s i t i c  stru cture,  
there was a decrease of the upper shelf energy with 
increas ing  ageing time for both a l l o y s  1 and 2. All oy 
1 retained an in t e r g r a n u l a r  mode of fracture even at
65
a high impact testing t e m p e r a t u r e  ( ~ + 8 0 ° C ) ,  as shown 
in Fig. 15. Figure 16 d e s c ri be s the DBTT curves for 
alloys 1 and 2 for this m i c r o s t r u c t u r e  for all ageing 
times studied. Alloy 2 showed  increased i n t e r g r a n u l a r i t y  
with incr easing  ageing time. Figures 17, 18 and 19 show 
the mode of fr acture o b t a i n e d  for alloy 2 at different 
ageing times and d i f f er en t testing temperatures. The 
common feature is the pre se nce of intergranul ar ity.
Figures 20 and 21 show  alloy 1, aged for 2,160 hours , 
before and after being hy drogen  embri tt led for 16 hours 
at 200°C. The hydrogen  em b r i t t l e m e n t  pro du ced smoother 
grain f a c e t s .
Figure 22 com par es the ageing curves for alloys  
1 and 2 in the que nc he d and tempered martens it ic condition. 
Figure 23 shows a t r a n s m i s s i o n  m i c r og ra ph of the st ructure  
obtained for alloy 1 in the quenched and te mp ered 
marten sit ic c o n d iti on  after 24 hours ag eing at 430°C. 
Figure 24 i l l u st ra tes the a pp earanc e of prior a u s t e n i t e  
grain boundary p r e c i p i t a t e s  after 168 hours ag ei ng at 
430 ° C .
Figures 25 and 26 show the scanning elect r o n  m i c r o ­
graphs ob taine d from allo y 1 after heat t r e a tm en t B at 
24 and 8,760 hours ageing at 430°C, respectively.
Figures 27 and 28 i l l u s t r a t e  a t r a n s m i s s i o n  e l e c t r o n  
micrograph of the struc tu re obtain ed  for alloy 1 aftert
8,760 and 17,520 hours ageing at 430°C, r e sp ec tively,  
showing that there was a random di st r i b u t i o n  of lath 
boundary carbides at 8,760 hours and some signs of
sp he ro idizat io n of these carbide s at 17,520 hours ageing.
[ 99]Previous work showed that the ca rb id es f o l l o w  the
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trans format ion
M 3C -► ( M 3C + M 7C 3-)*> M 3C + M ?C 3 + Mn -c ontai ni ng G-phase
Figure 29 shows a scanning electron microgr ap h of 
the structure o b t a i n e d  for alloy 2 for this heat
treatment after 24 hours ageing at 430°C. Figures 30 
and 31 show tran s m i s s i o n  electr on mi cr ographs of this 
structure after 2,160 and 8,760 hours ageing at 430°C, 
respect ive ly where signs of spher odization  of the
carbide precipit ates was present and the decrease in 
dislocation density with increas ing ageing time.
Heat Tr eatment  C
Au steni t i z a t i o n  at 875°C for , 1 hour followed by
isothermal transf o r m a t i o n  at 580°C for 48 hours and 
ageing at 430°C.
For the pea rlitic mic ros truct ur e neither alloy 1
nor alloy 2 showed i n t e r g r a n u l a r i t y , the low energ y mode 
of fracture was cleavage. Alloy 2 retained this mode
of fracture thr oug hout the ageing sequence. Fi gu res  32 
and 33 show the mode of fracture obt ai ned for alloy  2 
at ambient tem per at ure after 24 and 8,760 hours agei n g  
respectively. There was a decrease of the upper shelf 
energy with incr easin g ageing time for alloy 1 and an 
Increase for alloy 2, as shown in Fig. 34. Figur e 35 
compares the ageing curves for alloys 1 and 2 for this
heat t r e a t m e n t .
Figures 36, 37, 38 and 39 show the effect of the
ageing time for alloy 1 in the pearlitic condition,
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comparison of the m i c r o s t r u c t u r e s  shown in these figures 
indicates that there was a coarse ning of the cemenli te
lamellae with inc r e a s i n g  ageing time.
Figure 40 shows a scanning electron m icrogr ap h of
the structure ob ta ined for alloy 2 for this heat treatment 
after 24 hours ageing  at 430°C, showing the d i s t r ib ution
of the pearlite colonies and the continu ous network of
grain boundaries.
Heat Tre atment D
Au s t e n i t i z a t i o n  at 875°C for 1 hour followed by
quenching into a salt bath at 350°C and ageing at 430°C 
(in a muffle furnace).
For this heat treatment alloy 2 showed i n t e r ­
granularity after 720 hours ageing at 430°C (Fig. 41). 
With extended ageing, alloy 2 showed a mixed (clea vage 
and i nter g r a n u l a r ) mode of fracture (Figs. 42 and 43).
Alloy 1 showed a classical brittle intergra nu lar mode 
of fracture after 2,160 hours agein g at 430°C (Fig. 44).
Figure 45 shows the DBTT curve obtai ned for a l l o y s  1 
and 2 for this heat treatment with increasi ng a g e i n g  
time .
Unlike heat trea tments B and C, the upper shelf 
energy did not decrease for heat treatment D .
It is interesting to note that the upper shelf e n er gy
I
increased with increase d ageing time similar to heat 
treatment A. The type of fracture for the lower en e rgy 
showed intergr anularity , while for heat treatment A it 
was cleavage.
Alloy 1 showed a decrease in the upper shelf e n e r g y
with inc r e a s i n g  ageing time for all the mi c r o s t r u c t u r e s  
studied. Both alloys I and 2 showed signs of e m b r i t t l e ­
ment, i.e. lowering of the lower shelf energy plus
fracture surface i n t e r g r a n u 1 arity in the quench ed and 
tempered m a r t e n s i t i c  con dition (heat treatment B). 
Figure 46 com pa res the ageing curves for alloys 1 and 
2 for this heat treatment.
Fi gures  47 and 48 illustra te the m i c r o s t r u c t u r e s  
obtained for alloy 2 for 24 and 2,160 hours ageing
re spe ctively, at 430°C, showing discrete grain boundary 
carbides and i n c r ea sing carbide pr ec i p i t a t i o n  with 
ageing time. Figure 48 clearly ind icates the decrease
in d i s l ocatio n density.
3.1.2 Alloys 1 and 3 ( ~ 1 mass% Cr, ~ 3 mass% Ni,
effect of ~ 1% mass M o )
Alloy 3 co ntaine d 600 ppm of Sb and 0.94 mass% 
Mo to permit c o m p ar ison with alloy 1.
Heat T r e a t m e n t  A
The mode of fracture for alloy 3 was only q u a s i ­
cleavage for the low energy mode, even after 8,760 hours 
ageing at 430°C , and the upper shelf energy rem ai ned 
constant thr ou gh out the ageing times (Fig. 49). Figure 
50 co mpar es  the ageing curves for alloy ^1 and 3 for 
this heat treatment.
Heat T r e at me nt B
After 2,160 hours ageing at 430°C a l loy  3 re v e a l e d  
some signs of embrittle ment, i.e. i n t e r g r a n u l a r i t y
(Fig. 51) and the upper shelf energy decreased with 
ageing time althoug h this was at a slower rate than 
for alloy 1. This i n t e r g r a n u 1 arity increased even further 
with longer ageing times as shown by impact testing 
at ambi ent  temperat ure, +80°C and +200 °C (Figs. 52, 
53 and 54 re spectiv el y).
Figure 55 shows the DBTT curves for these two alloys 
in the q u e nch ed  and tem pe red ma rtensite condition. In 
this c o n d i t i o n  regions of int ergran ul ar fracture were 
observed in the lower shelf fracture after 2,160 hours. 
There was a decrease in the upper shelf energy with 
incre ase d ageing time.
Figur e 56 compares the ageing curves for alloys 
1 and 3 for this heat treatment.
Figure 57 ill us trate s the m i c r o s t r u c t u r e  o b t ai ned 
for alloy 3 for this treatment after 24 hours agein g 
at 430°C. The mi c r o s t r u c t u r e  clearly shows a c o n t in uo us 
network of grain bo und ary carbide.
Heat T r e a t m e n t  C
For this heat treatment the upper shelf energy 
for alloy 3 remai ne d quite constant whilst alloy 1 showed 
a c o m p a r a t i v e l y  small decrease. The mode of fracture 
for alloy 3 was qu asi-c le avage for the low energy mode 
of fracture. Figure 58 shows the behaviour of thesei
two all oy s in the pearlite condition. Figure 59 com p a r e s  
the ag ein g curves for alloys 1 and 3 for this heat 
t r e a t m e n t .
Heat Tre at me nt D
Alloy 3 did not show any sig nificant variation 
in the upper shelf energy, remaining constant throughout 
the ageing sequence (Fig. 60). The low energy mode of 
fracture was q u a s i - c 1e a v a g e , as obs er ved in heat 
treatment A. Figure 61 compares the ageing curves for 
alloys 1 and 3 for this heat treatment. Figures 62, 63, 
64 and 65 compare DBTT curves for al lo ys  2 and 3 for 
heat treatments A, B, C and D respectively.
3.1.3 Alloys 4 and 5 (0.06 mas s% Cr , ~3.5 mass%  Ni ,
effect of S b )
Alloy 5 contained 520 ppm of Sb to permit co mparison 
with a l 1oy 4.
Heat Tre atme nt  B
In the quenched and tempered m a r t e n s i t e  condition,
S',,alloy showed signs of em bri t t l e m e n t  after ex te nsive  
ageing (8,760 hours) at 430°C (Fig. 66). This e m b r i t t l e ­
ment was present even at high te mp e r a t u r e  (*~+200°C) 
impact testing (Fig. 67).
Alloy 5 (Fig. 68) showed a s ig ni ficant decrea se
in the upper shelf energy after 2,160 hours ageing at
430°C. Associa ted  with the decrease in upper shelf energy 
was the presence of inte r g r a n u l a r i t y  (Fig. 69) in the 
low energy fracture.
Figure 70 compares the ageing curves for a l loy s
4 and 5 for this heat treatment. Fi gu re s 71 and 72 show 
a transmissi on electron m i c r og raph of the struc tu re
obtained for alloy 4 after' 2,160 and 8,720 hours ageing
at 430 °C respectively. Both mi cr o g r a p h s  indicate the 
presence of globular carbides on the grain boundaries 
and within the grains.
Heat Tr ea tment D
Figure 73 shows the influence of Sb on the DBTT 
curves after increasing ageing times for the isothe rmal ly  
t ra ns for med bainite condition. Alloy 5 showed a 
pro nou nced decrease of the upper shelf energy with 
incr eas ing ageing time. There was no change in the 
low energy mode of fracture which remaine d q u a s i - c 1eavage 
from 24 hours to 8,760 hours ageing at 430 (Figs. 74
and 75). Figure 76 shows the hardness  curve for alloys 
4 and 5 for this heat treatment.
Figure 77 shows a scanning el ec tr on microgr ap h 
of the micros tructur e obtained for alloy 4 for this
heat treatment after 24 hours ag eing at 430°C, showing 
the dis trib ution of carbides on the grain b ou ndarie s 
and within the grains.
Figure 78 shows a scanning el ec tron m i c r o g r a p h  
of the micro struc tu re obtained for alloy 5 for this
heat treatment after 24 hours ag eing at 430°C. This 
can be compared with Fig. 77 show ing  a finer c a r bid e 
dis tr ib ution and a more continu ous ca rbide p r e c i p i t a t i o n  
at the grain boundaries.
I
3.1.4 Alloys 6 and 7 (0.08 mass% C r , ~ 3 . 5  m a ss% Ni ,
~ 1 mass% M o )
Alloy 7 contained ~ 600 ppm of Sb to permit
co mp aris on  with alloy 6.
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Heat Treatment B
In the case of the quenched  and tempered m a r t e n ­
sitic condition, alloys 6 and 7 showed a significant 
decrease in the upper shelf energy with extended ageing,
i.e. 8,760 hours at 430 °C (Fig. 79). Alloy 6 did not
show signs of in te r g r a n u l a r i t y  in the low energy
fracture, but alloy 7 c o n t ai ni ng ~600 ppm showed some 
in t e r g r a n u l a r i t y  after 8,760 hours ageing, as shown 
in Fig. 80.
Figure 81 compares the ageing curves for alloys 
6 and 7 for this heat treatment.
Figure 82 shows a t r a n s missio n electron micrograph 
of the str ucture obtained for alloy 6 for this heat 
treatment after 8,760 hours ageing at 430°C, and is 
compared with alloy 7 (Fig. 83) showing the influence 
of the add itions of Mo and Sb.
Heat Treat ment D
Both alloys showed similar values of Izod impact 
strength after exte nded agein g times in this condi tio n 
(Fig. 84). The mode of fracture for both alloys remained 
q u as i-clea va ge  for the low energy impact temperature, 
Figs. 85 and 8 6 , thr oughout the agein g sequence. In terms 
of hardness values there was no significant variation 
for either alloy (Fig. 87).
i
3.1.5 Alloys 8 and 9 (0.004 mass% Ni , ~ 4 mass% Mo)
Alloy 9 con ta in ed *“600 ppm of Sb to permit 
c om par iso n with alloy 8.
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Heat Treatmen t B
Both alloys 8 and 9 showed a quasi-cleavage mode of 
fracture for the quenched  and tempered condition on 
testing at ambient t e m p e ratur e (Figs. 88 and 89). There 
was no change in the mode of fracture after extended 
ageing at 430°C (Figs. 90 and 91). The upper shelf mode 
of fracture was ductile thr oug hout the ageing sequence. 
See Figs. 92 and 93 for alloy 8 and Figs. 94 and 95 for 
alloy 9. The order of m a g n i t u d e  of the dimpling size is 
^ 2 ^ f o r  both alloys after 8,760 hours ageing at 430°C.
In the presenc e of Ni and Cr at trace levels, 
Mo did not produce (at *“4 mass%) i n ter gran ul ar i t y and 
there was a small decrease in the impact transition 
tem perature (Fig. 96) con fi rming the absence of any 
tendency to embri ttl ement. Figure 97 compares the ageing 
curves for alloys 8 and 9 for this heat treatment.
Figure 98 shows a t r a n s m i s s i o n  electron microg raph 
of the structures o b t ai ne d for alloy 9 for this heat 
treatment after 8,760 hours a g ei ng at 430°C, showing 
large particle at the grain boundary. This alloy was 
examined in the as -quench ed  con dition to determine 
if these large particles were present before the quench 
procedure. A carbon  e x t r ac tion replica of alloy 9 (Fig.
9 9 ) in the a s - q u e n c h e d  con d i t i o n  showed a similar
pr eci pitate morpho logy to that shown in Fig. 98. This
(
particle was iden tifie d as M 6 C . Alloys 8 and' 9 c o n t a i n e d  
2.3 and 3% of retained  aus tenite for this condition.
Heat Tr eatment  D
F or  t h e  i s o t h e r m a l l y  t r a n s f o r m e d  b a i n i t i c  c o n d i t i o n
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neither alloy (8 and 9) showed any marked di fferenc e 
in the DBTT curves (Fig. 100). After 8,760 hours ageing 
both the mode of fracture and amount of energy absorbed 
remained quite similar. After 720 hours there was a 
slight shift indi cat ing that more energy was required 
to cause fracture through the mode of fracture still 
remained the same.
It was in teres ting to note that both alloys in 
the isothermally t ra ns formed bainitic condition (Fig.
1 00) and quenched and tempered m a r t e n s i t i c  conditio n 
(Fig. 96) showed similar tou ghness for the lower shelf 
energy for all ageing times studied. Figure 101 compares  
the ageing ch a r a c t e r i s t i c s  for a l loys 8 and 9 in the 
isothermally transf ormed  bainitic condition.
Figures 102 and 103 show a t r ansmis si on e l e ctron  
micrograph of the structure  obtai ne d for alloy 8 for 
this heat treatment after 24 and 8,760 hours at 430°C. 
It was observed that after 24 hours the carbide 
distribution was loc al iz ed at the laths boundaries. 
After 8,760 hours the di st ribut ion of these p r e c i p i t a t e s  
had become more random and globular in
a p p e a r a n c e .
3.1.6 Alloys 10 and 11 ( ~5 mas s% Ni, ~ 1 mass% M o )
Alloy 11 c o n t ain ed  650 ppm of Sb to permit
\comparison with alloy 10.
Heat Treatment B
For the quenched and tempered m a r t e n s i t i c  condi ti on , 
alloy 11 was shown to be e mb ri ttled after 2,160 hours
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ageing at 430°C (Fig. 104). Alloy 10 in the same 
condition showed i n t e r g r a n u l a r i t y  only when impact 
tested at ~ - 1 96 °C after 8 , 7 6 0  hours at 430°C (Fig. 105). 
Consi der ing the t r a n s i t i o n  temp era ture (TD) for this 
pair of alloys it can be seen that there was no simple 
impact transition from du ct ile to interg ran ular mode 
of failure. As shown in Fig. 106 there was a mixed 
region, d u c t i l e / i n t e r g r a n u l a r  and d u c t i l e / q u a s i - c l e a v a g e  
for alloy 11 (after 2,160 hours ageing) and alloy 10 
(after 8,760 hours ageing) respectively . This mixed 
region made the an a l y s i s  of the transition more 
complicated, since taking it into c onside ra tion it could 
be said that there was very little increase for TD in 
this condition.
Figure 107 shows that both al loys had approxi mately 
the same hardness values thr ou gh out the ageing sequence. 
Figure 108 shows a t r a n s m i s s i o n  electron mic r o g r a p h  
structure obt ained  for alloy 11 for this heat treatment 
after 8,760 hours ageing at 430°C. This mic ro gr aph shows 
a duplex d i s t r i b u t i o n  of c a r bi de s with large random ly  
dis tributed globular p r e c i p i t a t e s  and a fine dis tri buti on  
within the grains.
Heat Treatment D
In the i s o t h erm al ly t r a n s f o r m e d  bainitic conditi on,i
alloy 11 showed a loweri ng in the upper shelf energy 
(Fig. 109), though there was no sign of i n t e r g r a n u l a r i t y  . 
No significant change in har dn ess was detected with 
both .alloys following a similar pattern (Fig. 110). 
The lower shelf mode of fra cture was q u a s i - c l e a v a g e
76
through out  the ageing sequence (Figs. Ill, 112, 113
and 114).
Figure 115 shows a transmission electron micrograph 
of the str uc ture , obt ain ed for alloy 1 1  for this heat 
treatment after 8,760 hours ageing at 430°C, with clear 
grain bou nda ries and globular carbides di str ibuted within 
the grains. T h e  h a r d n e s s  d a t a  i s  s u m m a r i s e d  i n  T a b l e  I l i a  
a n d  I l l b .
3.2 Su rf ace  Analysis
3.2.1 Auger Electro n Spe ctro scopy (AES)
The grain boundary  comp os ition  ana lysis was made 
by obta in ing int er granula r cleavage, ductile or a mixture 
of these fractures in situ and analy sing the informat ion 
from the fresh surfac es thus formed. The output data 
is obt ai ned in the form of a spectrum of N(E) v. E which 
was then d i f f e r e n t i a t e d  using a computer to produce
dN (E) /d(E), as a function of energy, E. The elements
were ide nti fi ed from the charac teristi c energy at which
the peaks occur.
The Auger spectra were obtained using 3-20 KeV
elect ron s and specimen currents of 5-20nA.
The Auger specimens were m a n u f a c t u r e d  from the 
remains of Izod impact samples previou sly fracture d 
at ambient temperature, having 30mm in length, 5mm in 
diameter and notched to a 1 mm depth, 15mm from one end.
All samples were fractured under a vacuum better
—  9 _  8 than 1 0  torr and analysed under a vacuum of 1 0  ton.
3.2.2 Scannin g Auger Micr os copy (SAM)
Auger and X-ray mapping were c a r ried  out using
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a 10-30 KeV ele ct ro n beam energy and 5-10nA specimen 
c u r r e n t .
Scann ing  Auger elect ron mi croscopes  utilise a spot 
size of < 50nm as in con vent ional  SEM and permit
an Auger r esoluti on  of the order of <0.1 Vim. This 
mic ros cope has magneti c lenses and uses a ccel er atin g 
po tentials of up to 30 kV and is also fitted with X-ray 
detectors. The X-ray spectrum can be obtained  
si multa ne ou sly with the Auger spectrum, because the 
energy dis pe ns ive detector and electronic are totally 
independent of the Auger collection  system.
The Auger mapping information was recorded
e l ec tronic al ly  and stored on the computer data syst em
for process ing  when requested. The Auger map was a
s t r a i g ht forwa rd  comp arison between peak and back gro und
signal from a large number of points in the area of
interest. The peak and backgro und  in te nsities are
extremely dependent  on the topography of the area being
mapped and in order to reduce the topographical effect
P — Bthe maps were plot ted from — =—  values, where (PD
peak) and (B = background).
3.2.3 Secondary  Ion Mass Spect ro scopy
A basic SIMS appa ratus  consists of a primary ion 
source, sample holder , sec on dary ion mass filter and 
secondary ion detector. Second ar y ion mass spectra were 
acquired using two primary ion sources, Argon (2-5 KeV) 
and the liquid metal Gallium operat in g at 10-30 KeV.
In an att empt to study the elemental species pr esen t 
on fracture surface without sign if icant d a m aging  the
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sputtered surface, the liquid metal ion source was 
preferred because the specimen current could be reduced 
to 1 0 0  pico a m p s / m 2 and still produce an effect iv e 
signal. The argon ion source was limited to exa minin g 
the samples in the dynamic SIMS mode because the mi ni mu m 
usable specimen current was limited to 0 . 5  nano a m p s / m m 2 . 
Mass data was acquired directly in a computer mode which 
allowed spectrum process ing such as background 
sub traction and peak smoothing to be carried out before 
producing the hard copy.
Alloy 1 ( v l mass% Cr , ~ 3 mass% Ni and ~500 ppm Sb) 
Heat Treatm ent A
In order to obtain an intergranu lar mode of 
fracture for the short time ageing (720 hours), samples 
were embri ttled for 16 hours at 200°C in a hydrogen 
atmosphere, by using an autoclave at a' pressure of
0.22 Pa. Figure 116 shows the Auger spectrum obt ained, 
where no impurity elements such as Sb or P was det ec ted 
on this intergr anular surface. Figure 117 shows the 
spectrum obtained for this same condition (Heat tre at me nt 
A) after 8,760 hours ageing at 430°C. This spectra, 
obtained from an in tergranul ar region, showed a well 
defined Sb peak. For a mixed (intergra nular  and cleavag e)
region (Fig. 118) the Sb peak does not appear i n d i c a t i n g
I
that Sb had segregated to the grain boundaries. For 
this same condition (Heat treatment A) after e x t e n d e d  
ageing time, 17,52.0 hours at 430°C, alloy 1 sh owed Sb 
and P (Fig. 119) on the intergranular fracture su r f a c e  
region. A spectra from the cleavage region show ed that
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neither Sb or P (Fig. 120) were present. Note that the
Ni peak is smaller than the one found on the inter-
granular region.
S e c o n d a r y  el ectro n image from the intergranular
fracture surf ace of alloy 1 after 17,520 hours ageing
is shown in Fig. 121. (A hard copy of the Auger map
is shown in Fig. 122 for the equivalent area.)
The Auger maps show the distribution of the elements
Sb, Ni, Cr and P, Fig. 123 a, b, c and d respectively.
Ni and Sb were shown to have segregated to the same
in ter granula r region (compared with Fig. 122, while
P and Cr exh i b i t e d  an even distribution.
The p re cipit at es obs er ved on the intergranular
facets were e x a m i n e d  by ’’Energy Dispers ive X-ray
Analysis" (Fig. 124, E.D.X.), indicating the presence
of Cr . Se c o n d a r y  ion mass sp ectrometry (SIMS) of alloy
1 in the i s o t h e r m a l l y  tr an sformed bainite (Heat treatment
A) after 1,000 hours ageing was also carried out, Fig.
125 shows the p o s itiv e secondary ion mass d istri bu tion
of species s p u t t e r e d  from a cleava ge fracture surf ace
121 123in dicating the pre sence of Sb and Sb mass species.
Figure 126 shows a seco nda ry electron image of 
a pol ish ed and ion etched sample in the i sotherm al l y 
tra nsformed bainitic con diti on  (Heat treatment A) aged 
for 1,000 hours. Figure 127 shows the top ogr ap hical
iscanning Auger image from the ion etched image sh ow ed  
in Fig. 126. Figure 128 shows the Auger map of the Sb 
d is tributi on in the area shown in Fig. 126, i n d i c a t i n g  
a coar se ning of Sb-rich regions in the bain ite  
mi cros t r u c t u r e  after pro longed ageing.
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Alloy 1 - Heat Treatment B
For the quenched  and tempered martensite condition  
(Heat treatment B), after 2 A hours ageing at A30°C alloy 
1 showed that P was present on the intergranular fracture 
surface, as shown on the Auger spectrum Fig. 129. No
P, however, was found on the ductile area Fig. 130,
and the Ni peak was re duc ed  compar ed to the one found 
for the i n t e r granula r area. Further analysis produc ed 
Figure 131 showing the top ographical scanning Auger
image from the i n t e r g r a n u l a r  area analysed and Figs. 
132 and 133 show the Auger maps giving the dis trib u tion
of the elements Ni and P, respectively, on the i n t e r ­
granular surface. SIMS was carried out on samples aged 
for 2A hours at A30°C. Figure 13A gives the seco nd ary 
electron image of the i n ter gr anular fracture surface. 
Figure 135 dis pl ay s the EDX analysis of a partic le A 
on the i n t e r granula r fracture surface shown in Fig.
13 A . Figure 136 shows the C r K Q X-ray map for the area 
shown in Fig. 13A. Figure 137 shows the po s i t i v e  
secondary ion mass d is tr ibutio n of the species s p u t t e r e d  
from the inter g r a n u l a r  fracture surface, after 1 , 0 0 0
171 173hours ageing at A30°C. Identical Sb and Sb levels 
were also o b t ai ne d on the cleavage fracture
of the bainitic c o n d iti on  (Fig. 125).
In order to show that hydrog en e mb ri ttleme nt  had
l
not influenced the s e g r e ga ti on of Sb in heat tre a t m e n t  
A, samples from alloy 1 were embr it tled by using the 
same hydrogen e m b r i t t l i n g  procedure, Fig. 138 gives  
the Auger spectra obtained, Sb was found on the i n t e r ­
granular fracture surface. Figure 139 shows the EDX
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analysis obtained for alloy 1, after 8,760 hours ageing,
Mn-containi ng G - ph as e was found at the prior
austenite grain boundaries.
After 17,520 hours agei ng at 430°C in the martensitic
condition, alloy 1 did not show the same signi ficant
impurity element (such as P or Sb) segregation (Fig.
140) as prev iou sly o b s erved  in the same alloy aged for
24 hours, in the survey spectrum.
Figure 141 shows the spectrum obt ai ned at the
surface and after depth profiling for alloy 1 after
after 17,520 hours ageing at 430°C. Depth profili ng
was carried out using a Gallium liquid metal ion gun.
58Spectrum 1 compared with spectrum 2 show that Ni 
and Ni 60 , Mn 55 , Si 27 decrease along with P 31 .
Alloy 5 (0.06 mass% Cr , ~3. 5 mass% Ni and *"500 ppm of
Sb)-Heat treatment B
Figure 142<v is the Auger spectrum o b t ai ned from 
a general area of the surface fracture of alloy 5, 
showing that no sig nif ic ant impurity seg regation o c c u r r e d  
for the quenched and tempered martensite con di tion (Heat 
treatment B) after 8,76 0 hours ageing at 430°C.
Alloy 7_____ (.0.08 mass% C r , ~3.5 mass% Ni, ~ 1 m a s s %  Mo
and -"590 ppm of Sb) - H e a t  treatment B
Figure 143.^ shows the spectrum ob tained  from an 
intergranular region of alloy 7, after 8,76 0 hours a g e i n g  
at 430°C indicating that P had segregated for that re gi on  
of the fracture surface. Figure 14”2| shows the s p e c t r u m
obtained from a clea va ge surface, confir ming the a b s e n c e
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of P peak.
Alloy 9 - (0.004 mass% Ni, 4 mass% Mo and 600 ppm ofSb)
As-quenched
EDX analysis, Fig. 144-, of the particle A shown
in Fig. 99, shows that this precipitate  was rich in
Fe and Mo. C o n v erg en t beam electr on diffr act ion an a lysis  
of particle A in the carbon ex tr actio n replica (Fig.
99) indicated that this carbide was M 6C with, a lat tice





In this work it has been established that the type of 
fracture observed was dependent on the microstructure which in 
turn influenced the segregation behaviour of impurity elements by 
modifying either the driving force or kinetics of segregation.
The major factors influencing temper embrittlement as described 
in the literature survey are:
1. The chemistry of the matrix.
2. Grain boundary structure.
3. The nature of other interfaces to which partitioning of 
the impurities can occur.
4. The dislocation density.
As the amount, type and composition of carbides in steel vary 
with heat treatment it is clear that the composition of the matrix 
would also vary correspondingly for a given constant bulk 
composition of the steel. The solubility, as well as the 
diffusivity of impurity elements, are dependent on the 
composition of the matrix and can thus be modified by changes in
raicrostructure^^) •
iTherefore, the resulting mode of fracture will be reliant 
upon several interdependent mechanisms operating in a given alloy.
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4.1 Assessment of the Fracture Mode
The essential feature of temper embrittlement is that it 
involves a lowering of cohesion along grain boundaries regardless 
of the origin of the b o u n d a r y ^ O n e  of the basic features of 
this work is the assessment of the transition to such a mode of 
fracture. It is therefore appropriate to devote the first part of 
this discussion to a more detailed consideration of the transition 
from cleavage to intergranular mode of fracture and the philosophy 
of the criteria adopted to quantify the changes accompanying this 
phenomenon.
The fracture path in temper embrittled bainitic steels of low 
carbon (0.008 mass% C) content has been said to follow the 
ferrite-ferrite and ferrite-bainite boundaries, whilst the 
martensitic steels' fracture path follows the prior austenitic 
boundaries^^ and should require less energy as the boundary 
surfaces become smoother. In this investigation the energy 
required for a given mode of failure and the associated fracture 
appearance did not necessarily directly correlate, i.e. the amount 
of energy absorbed by an alloy to fracture in the intergranular 
mode was of the same order as that for fracture in the cleavage 
mode. This indicates that an alloy in the embrittled and in the 
temper-embrittled condition can absorb the same amount of energy 
on impact testing.
In considering cleavage crack propagation, low temperature
i
and high strain rates tend to raise the yield points of metals and 
to suppress plastic deformation. The energy associated with 
plastic deformation therefore becomes less important, the lower 
the temperature of testing and the higher the velocity with which
85
the crack moves. Where slip takes place during the movement of a 
crack, energy is absorbed in nucleating and moving dislocations.
Cleavage takes place by the separation of atomic bonds along 
well defined crystal planes. Ideally a cleavage fracture would 
have perfectly matching faces, completely flat and featureless. 
However structural materials are polycrystalline with the grains 
(neglecting texture) more or less randomly oriented with respect 
to each other. Thus cleavage propagation through one grain will 
have to change direction as it crosses a grain or sub-grain 
boundary. Such changes in direction will result in the 
characteristic fracture surface usually observed. In addition, 
structural materials contain particles, precipitates or 
crystallographic imperfections that further complicate the 
fracture path. One of the principal features observed is "river 
patterns" which represents cleavage steps on parallel planes.
Such behaviour was typical of alloys 1 and 2 (figs.32 and 33) in 
the isothermally transformed pearlitic conditions (heat treatment 
C) and in the isothermally transformed bainitic conditions (heat 
treatment A) alloy 2 and alloy 1 for the low energy mode of 
fracture.
A cleavage facet which contains a large number of steps has a 
large surface area and therefore an increased associated surface 
energy. The advance of the crack not only involves separation of
the crystal along cleavage plane segments, but also entails the
I
continued growth of the surfaces of the steps. Unless a secondary 
plane or slip plane is nearly normal to the surface of the primary 
cleavage plane, the formations of the steps can involve plastic 
tearing of the metal in order to form the surface of the steps.
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The fracture morphology exhibited mainly by samples in the 
isothermally transformed bainitic condition (D) consisted of a 
multi-faceted block texture with some extremely fine "river" 
markings which are variable in orientation relative to the 
macroscopic failure path. These fractures were called quasi­
cleavage. In the condition D these were characteristic for the 
following alloys; alloy 5 (fig.75), alloy 6 (fig.8 6 (a) and 87(a)), 
alloy 7 (fig.8 6 (b) and 87(b)), alloy 10 (fig.112) and alloy 11 
(fig.114).
Intergranular fracture in this context usually results from 
the segregation of impurity elements (such as P, Sn and Sb) to 
grain boundaries. Attempts to explain low temperature 
intergranular fracture have concentrated on cracking of 
precipitates at grain b o u n d a r i e s ^ a n d  on segregation induced 
low temperature fracture necessitating the utilization of a 
quantifiable theoretical approach such as the Griffith m o d e l ^ ^ ,  
which provides a basis for fracture strength estimation related to 
thermodynamic criterion for fracture by considering the total 
change in energy of the cracked material as the crack length 
increases. This may be summarized as follows:
0f = V 1 *
7T C
being the stress at which a crack of length c begins to
propagate in a material with elastic modulus £. In a brittle
material T 1is the total energy required per unit area of surface 
created by the crack and is composed of the surface energy (y) and
a plastic work term Yp such that:
Y 1 = Y + Yp
87
where intergranular fracture occurs, the appropriate quantity for 
surface energy is:
Y b = ^ Ys “ Yb
where Ys is the surface energy of the exposed boundary and Y^ the 
pre-existing grain boundary energy. The equation above is used 
by many authors to describe the effect of segregation on 
intergranular brittle fractur e ^ * > ^ > m > H 2 > 1 1 3 , 114,115).
During segregation both Ys and Y^ are reduced. Observations of 
Ys and Y^ as a function of the solute molar fraction (Xc) 
generally show that both fall to about half their original value 
at the maximum levels of segregation obtained experimentally. 
Therefore, according to this prediction, for any normally ductile 
material in which y falls to half of its original value during 
segregation the grain boundary cohesion will be sufficiently 
reduced such that the material will exhibit extensive, 
segregation-induced brittle intergranular fracture. (As shown by 
alloy 1 (figs.2 0  and 1 2 1 ) and alloy 2 (fig.18)). S e a h ^ ^  
suggested that the above considerations ignore the fact that upon 
fracturing the fresh surfaces do not have time to redistribute 
the solute and for low temperature fractures (such as occurring 
in temper embrittlement) the surfaces exposed have only half of 
the associated interfacial enrichment each. Therefore the 
segregation level at the surfaces causes only a small reduction 
in Y s so th® net effect on y is small, even for high values
I
of interfacial enrichment. Thus segregation induced low 
temperature intergranular brittle failure cannot be explained 
entirely by the lowering of Y«
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Other parameters need consideration such as the degree of 
segregation at the grain boundaries, impurity contents, grain 
size, the degree of misfit of solute atoms at the grain boundaries 
and therefore dislocation-solute interactions, diffusion rates of 
solutes and solvents in and to the grain boundaries.
In this work, beyond the intrinsic characteristics of each 
type of fracture, i.e. cleavage, intergranular and ductile, it was 
taken into account that the type of fracture was dependent on the 
specific raicrostructure, which in turn can influence the 
segregation behaviour of impurity elements by modifying either the 
driving force for, or kinetics of, segregation.
In practice many microstructural and microstructure-related 
features can play a role in determining the fracture path. The 
most important are:
1 . second phases
2 . particles and precipitates
3 . grain size
4. texture due to mechanical work
The amount, type and composition of carbides in steels vary 
with heat treatment. Moreover the composition of the matrix can 
be modified by such microstructural changes, e.g. carbide 
transformation occurring on subsequent ageing. This will in 
turn affect solubility, as well as diffusivity of impurity 
elements, which are dependent on the matrix c o m p o s i t i o n ^ s i n c e  
impurity elements and alloying elements can be of interest, for 
instance the formation of raolybdenum-phosphorus phases.
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Therefore, the resulting mode of fracture will be reliant 
upon the above factors as they operate for each particular 
raicrostructure for each alloy. This may be demonstrated by the 
following observations; For alloy 2, a comparison of figs.19 and 
33, which shows that for the same testing temperature, after 8760 
hours ageing at 430°C the quenched and tempered martensitic 
structure exhibited an intergranular mode of fracture (fig.19) 
whereas the pearlite-ferrite structure exhibited a cleavage mode 
of fracture (fig.33), despite their similar hardness levels (287 
and 244 HV3 Q, respectively). For alloy 5, an analogous 
comparison shows that the quenched and tempered martensitic 
condition (406 HV3 0 ) exhibited an intergranular mode of fracture 
(fig.6 6 ) whereas the isotherraally transformed bainite condition 
(393 HV3 Q) exhibited a quasi-cleavage mode of failure (fig.7 5). 
For alloy 7 an analogous comparison shows that the quenched and 
tempered martensitic structure (391 HV3 Q) exhibited a mixed 
cleavage - intergranular type of fracture (fig.80b) whereas the 
isothermally transformed bainitic condition (398 HV3 0 ) exhibited 
a quasi-cleavage mode of fracture (fig.8 6 b). In this particular 
study there were numerous variations in chemical composition 
which had a significant influence on fracture. It was also clear 
that the previous thermal history, and therefore microstructure, 
contributed towards mechanisms of segregation which promoted 
embrittlement.
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For the alloys in this study three types of embrittlement 
were observed, they were:-
(1) Changes in ductile-brittle transition temperature
A shift in transition temperature, without a change in the 
low energy mode of fracture (which remained cleavage) or 
variations of the upper shelf energy.
(2) Changes in fracture mode and toughness
A change from cleavage to intergranular for the low energy 
mode of fracture accompanied by a decrease of the upper 
shelf energy.
(3) Temper embrittlement
A shift in transition temperature together with a change 
from cleavage to intergranular for the low energy mode of 
fracture and lowering of the upper shelf energy.
Fig. 145(a) shows schematically these embrittlement types, 
described above.
The degree of embrittlement was measured by the difference 
in transition temperature between the unerabrittled (24 hours 
ageing) and temper embrittled condition. The extent of this 
shift in transition temperature, ie the severity of embrittlement 
is represented by a histogram, fig. 145(b). Tables IVa and IVb 
summarises the transition temperature values for alloys 1 - 1 1  for 
all heat treatments applied in accord with ageing ^ ime. Likewise 
the low energy fracture mode is given in Tables Va and Vb.
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4.2 Criteria for the assessment of transition temperature 
The ’degree of embrittlement’^ i s conventionally 
assessed by measuring the difference in impact transition 
temperature between an embrittled and unembrittled steel but this 
shift cannot necessarily be attributed directly to the segregation 
phenomena, because the fracture in materials of different yield 
stresses will take place at different transition temperatures.
For example, results on a high yield strength martensite may be 
similar to those of a lower strength bainite. Therefore, in 
this work the most reliable comparison has been made only for 
alloys which have similar yield strengths.
In the current work, Vickers hardness values were used as an 
indication of the yield strength of all the alloys in all the 
various heat treated and aged conditions. This provided a 
reliable method of gauging relative strength levels. Testing 
would have provided more precise data (taking into account grain 
size effects in particular), but such an extensive appraisal would 
have unduly depleted the amount of material available for the 
optical and electron optical assessments of microstructure and 
also for the X-ray diffraction and surface analytical assessments.
There are various definitions of transition temperature 
obtained from an energy or fracture appearance versus temperature 
curve. One of these is to select a temperature, corresponding to
the (upper shelf) energy, above which the fracture is 1 0 0 %
1
fibrous (ductile). This transition temperature criterion is 
called the fracture transition plastic (FTP), though the 
possibility of brittle fracture is neglible above the FTP the use 
of this concept is highly impractical in many applications
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because these values are normally too high to be realistic. An 
arbitrary criterion is to base the transition temperature on 50% 
cleavage-50% ductile, this is called fracture appearance 
transition temperature (FATT). A third criterion is the 
temperature associated with the average of the upper and lower 
shelf energy values. A fourth criterion is based on the 
temperature at which the fracture becomes 1 0 0 % cleavage, known as 
nil ductility temperature (NDT). The fracture initiates with 
essentially no prior plastic deformation.
All these four criteria are well known and most of the 
established literature on temper embrittlement^"^^^ refers to 
them. However, many authors either tend to refer to FATT 
or simply to transition temperature without a precise definition 
of the criteria which they used in determining the transition 
temperature despite the lack of a standard criterion.
In this work the change in the mode of fracture from ductile
to brittle was categorised by three main criteria; one according 
to fracture appearance and the other two (the lowering of the 
upper shelf energy and a change in ductile to brittle transition 
temperature) according to the variation in energy absorbed on 
impact testing.
With reference to the impact energy curves; initially 
the temperature associated with the point of inflexion was 
estimated as a measure of the transition temperature For the
impact energy curves which did not exhibit a clear point of
inflexion the mean value was calculated by considering the
highest and lowest energy absorbed on impact, within a testing 
temperature range of -196° to +200°C.
9 3
4,3 Effect of Variation in Composition on Temper Embrittlement 
The influence of alloying elements such as Ni, Cr and Mn on 
temper embrittlement is such that they can intensify the 
segregation of impurity elements, though not causing embrittlement 
themselves. In particular Ni and Cr can intensify P, Sb, Sn and 
S segregation to grain boundaries'^). Such synergistic co­
segregation occurs tthere the interaction between M(a metallic 
element) and I(an impurity element) enhances segregation of both 
types of elements to the grain boundaries.
In order to confirm the various influences of different 
combinations of alloy additions the compositions investigated are 
considered in the following groups which firstly studies the 
effect of molybdenum, secondly the effect of molybdenum in the 
presence of nickel and thirdly the effect of molybdenum in the 
presence of nickel and chromium.
For the purpose of the following discussion the alloys 
(1 to 1 1 ) will be grouped as described below.
Group 1
Alloy 8 (C - 4Mo)
Alloy 9 (C - 4Mo - Sb)
Group 2
Alloy 4 (C - 3Ni)
Alloy 5 (C - 3Ni - Sb)
Alloy 6 (C - 3Ni - IMo)
Alloy 7 (C - 3Ni - IMo - Sb)
Alloy 10 (C - 5Ni - IMo)
Alloy 11 (C - 5Ni - IMo - Sb)
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Group 3
Alloy 2 (C - lCr - 3Ni)
Alloy 1 (C - lCr - 3Ni - Sb)
Alloy 3 (C - lCr - 3Ni - IMo - Sb)
A.3.1 The role of molybdenum
Alloys 8 (C-A Mo) and 9 (C-A Mo Sb) exhibited the cleavage- 
ductile transition in both quenched and tempered raartensite and 
isothermally transformed lower bainitic condition as shown by the 
impact curves Figs. 8 6 and 100 respectively, throughout the ageing 
sequence.
The maximum increase in transition temperature for the 
quenched and tempered martensitic structure had occurred by 720 
hours ageing for alloy 8 , in the case for alloy 9 it had occurred 
by 2A hours ageing at A30°C. This effect is better described by 
the transition temperature curves as shown in fig.lA6 and 
corresponded to a softening of 50 HV3 Q points (Table Ilia) for 
alloy 8 and 39 Hv^q for alloy 9 (as compared with the as-received 
condition).
Figure 1A7 shows schematically the relationship between 
softening, segregation and variation in transition temperature 
(Tp). At a given segregation level in a given alloy the change in 
transitions temperature increases with hardness. Therefore,
during ageing the measured variation in transition temperature
1
(Tp) which reflects both segregation and hardness levels can go 
through a maximum if segregation has reached equilibrium while 
softening is still in progress. With longer tempering times, the 
effect vanishes. This effect was observed in NiCr steels(76,126)
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tempered 1 hour at 650°C and aged for 1000 hours at 520°C, as 
seen in fig. 148^ ) and this was similar to that found in this 
work for alloys 8 and 9 in the quenched and tempered martensitic 
condition.
TEM work for alloy 9 in the quenched and tempered martensitic 
condition and for alloy 8 in the isothermally transformed lower 
bainitic condition showed the presence of large globular carbides, 
as seen in Figs.98 and 103, respectively. Alloy 9 in the as- 
quenched condition contained some carbides of identical 
morphology to those found in the quenched and tempered martensitic 
condition. These were identified as M^c and EDX analysis 
(fig.144) showed them to be rich in Mo.
The addition of Mo at levels up to 0.5 mass% can be effective 
in supressing temper embrittlement by reducing grain boundary 
s e g r e g a t i o n ^ ^ ^  due to it promoting a decrease in the rate of 
P diffusion in i r o n ^ ^ .  Mo has strong carbide forming 
tendencies which result in increased carbide formation, thus 
diminishing the intergranular solute segregation caused by the 
carbide solute rejection m e c h a n i s m ^ H o w e v e r  Mo additions in 
amounts greater than 0.5 mass% can be detrimental^ 19-123) an(j 
that the detrimental effect is linked with the presence of Ni and 
Cr in the steel. The present work suggests that the formation of 
more stable carbides of higher Mo: C ratio will leave less Mo in 
solution to interact with impurity elements such as P which could 
thereby have prevented temper embrittlement. More specifically the 
increase in P segregation at the high Mo contents of greater than
0.5 mass% would be due to increasing amounts of M^c precipitation 
thus leaving less Mo in solution and reducing the level of C
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solute on the boundaries (the interaction C-P is repulsive) which 
would be consistent with the suggestion^2) that strong carbide 
formers such as Mo (Cr and Ti) reduce the C activity in solution 
resulting in enhanced P levels at the boundaries.
Alloy 9 contained M^C, and also a higher impurity content,
60 ppm P + 600 ppm Sb than alloy 8 (30 ppm P). However, both 
alloys exhibited a cleavage-ductile transition, suggesting that 
the presence of Mo at 5 mass% in the absence of Ni and Cr was not 
detrimental.
4.3.2 Role of Nickel
4.3.2.1 The Cleavage-Ductile Transition 
4.3.2.1(a) The Effect of Mo Additions
From the data obtained from transition temperature (Table IVa) 
it can be seen that the addition of 1 mass% Mo to a C-3 raass% Ni 
alloy caused a shift of +150°C in transition temperature for the 
quenched and tempered martensite and a shift of +39°C for the 
isothermally transformed bainitic structure; it also increased 
the hardness by 142 Hv^q points, for both conditions (Tables Ilia 
and Illb). It is observed that these values refer to 24 hours 
ageing, as the unembrittled condition (compare alloy 4 with alloy 6 ).
Such increases in hardness due to the Mo addition(^5) have 
been associated with an increase in the susceptibility to temper 
embrittlement which would explain the increase in transition 
temperature observed for alloy 6 . However, this alloy failed only 
by quasi-cleavage for the low energy mode of fracture in both 
quenched and tempered martensite and isothermally transformed 
bainite conditions, (fig.85a and 8 6 a). Therefore the increase in 
transition temperature can be asociated wih the increase in
hardness. The Mo addition reduced the upper shelf energy for the 
isothermally transformed bainitic condition as seen in the impact 
curves, this is clearly shown by Figs.73 and 84, for alloys 4 and 
6 respectively. However, during ageing there was no further 
reduction of the upper shelf energy and alloy 6 exhibited a 
cleavage-ductile transition. The initial reduction due to the Mo 
addition was probably due to the refinement in carbide size as Mo- 
rich carbides were promoted, because the energy required for void 
growth and coalescence would be higher for a small number of large 
widely separated carbides, than for a large number of closely 
spaced small carbides.
The addition of 600 ppm Sb (alloy 7) to an alloy containing 
C-3 mass% Ni 1 mass% Mo (alloy 6 ) caused a shift of -164°C in 
transition temperature after 24 hours ageing in the isothermally 
transformed bainitic condition, (Table IVa). The effect of ageing 
on the transition temperature is better described by the curves in 
fig.151. It can be seen that for extended ageing (i.e. after 2160 
hours) the shift in transition temperature was substantially 
reduced, indicating that the effect of the 600 ppm addition of Sb 
on transition temperature was transient.
For the impact curves obtained for alloys 6 and 7, i.e. with 
1 mass% Mo plus 600 ppm Sb respectively (fig.84) it can be seen 
that the Sb addition did not significantly alter the behaviour of 
this alloy, both had similar upper and lower shelf energy values
i
and exhibited a quasi-cleavage-ductile transition. The low energy 
mode of fracture was identical to that of the alloy without Sb 
(alloy 6 ) as seen in figs.85 and 8 6 .
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4.3.2.2 The Reduction of Upper Shelf Energy
4.3.2.2(a) The Effect of Mo Addition with and without Sb
For extended ageing in the quenched and tempered martensitic 
structure (fig.79), alloy 6 exhibited a significant loss in 
toughness (as indicated by a decrease of 83 joules for the upper 
shelf energy). This indicated that, although there was an absence 
of any intergranular mode of fracture, i.e. as would have been 
expected for temper embrittlement, the intrinsic toughness of the 
alloy, as measured by the shift in transition temperature due to 
the 1 mass% Mo addition (related to alloy 4) was increased.
(Compare figs.150 and 151 for alloys 4 and 6 , respectively). The 
reduction in upper shelf energy observed in the quenched and 
tempered conditions (fig.79), was probably due to the fine carbide 
dispersion observed in this alloy (fig.82), compared to alloy 4 
(fig.72). This refinement in carbide size for alloy 6 , due to the 
addition of 1 mass% Mo, was probably due to the transformation of the 
original Fe^C precipitation to Mo based carbides.
Carbide morphology, plays a very important role regarding 
the lowering of the upper shelf energy because even if carbide 
impurity-rejection did not occur around carbides, the energy 
required for void growth and coalescence would be higher for a 
small number of large widely separated carbides than for a large 
number of smaller carbides (fig.149 shows this mechanism 
schematically). Furthermore, a preferential cleavage path will 
selectively traverse regions of high void concentration as 
suggested by Guttmann et al^27). xhis explains why the 
low energy mode of fracture was quasi-cleavage.
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The addition of 600 ppm Sb (alloy 5) to a C-3 mass% Ni alloy 
(alloy 4) in the isothermally transformed bainitic condition 
produced a decrease in transition temperature of -120°C for 24 
hours ageing (Table IVa). However, after 8760 hours ageing this 
difference was reduced to only -2°C. this effect of the ageing 
time on the shift in transition temperature is better described by 
the transition temperature curves (fig.150) for alloys 4 and 5.
It can be seen from the impact transition curves (fig.7 3) 
that there was a decrease in upper shelf energy for alloy 5 
throughout the ageing sequence. This progressive loss in 
toughness resulted from the microstructural changes which occurred 
during ageing. More specifically, the changing character of the 
second phase particle dispersions and their associated 
particle/matrix interfaces which in turn controlled void formation 
by decohersion and thereby determined the microraechanisras which 
were responsible for fracture^^®’*29). particle/matrix
interfacial work of fracture (or "cohesive energy") in a given 
matrix is determined principally by the particle coherence and 
bulk chemistry^^O)^ it has been suggested by some authors 
(129,131,132) that cohesive energy may be reduced dramatically 
through local changes in interfacial chemistry resulting from the 
segregation of surface active elements.
One possible explanation for the reduction in upper shelf 
energy observed for alloy 5 is that the Sb reduced the cohesion 
around the particle/matrix interface. However thW mechanism by 
which Sb would enrich these interfaces requires further work.
The addition of 600 ppm Sb (alloy 11) to an alloy containing 
C-5 mass% Ni, 1 mass% Mo (alloy 10), caused a shift of +46°C in
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transition temperature for 24 hours ageing (Table IV), in the 
isothermally transformed bainitic condition. It was observed that 
the alloys containing 5 mass% Ni (alloys 10 and 11) and 3 mass% Ni 
(alloys 6 and 7) with the same additions of Sb and Mo exhibited 
hardness values within the range 350-400 Hv^q. Indicating that 
these additions had relatively little influence in the strength 
level of these alloys in this condition.
From the impact energy curves it can be seen that the 600 ppm 
Sb additions in the presence of 1 mass% Mo caused a decrease in 
upper shelf energy for an alloy containing 5 mass% Ni (alloy 11). 
This reduction in upper shelf energy could have been associated 
with an increased Ni level rather than simply the presence of Sb 
and Mo, because for the same additions an alloy containing 3 
mass% Ni did not exhibit a lowering of the upper shelf energy 
during the ageing sequence. Moreover for 24 hours ageing it can 
be seen that there was a reduction of 30 joules for the upper 
shelf energy with the increase in Ni content. (Compare alloys 7 
and 11, figs.84 and 109 respectively).
TEM work for alloy 11 (fig.115) showed that this alloy had 
small globular carbides distributed within the grains and grain 
boundaries, clear evidence of precipitation.
4.3.2.3 Temper Embrittlement 
4.3.2.3(a) Effect of Sb addition
i
The addition of 600 ppm Sb to a C-3 mass% Ni alloy produced a 
shift of +110°C in transition temperature (compare alloys 4 and 5) 
Table IVa, for 24 hours ageing, i.e. in the unembrittled condition.
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This shift is increased further thoughout the ageing sequence and 
after 8160 hours ageing it was +283°C.
The 600 ppm Sb addition caused classical temper embrittlement 
to alloy 5 because it exhibited an upward shift in transition 
temperature together with a change in the mode of fracture from 
cleavage (in this case quasi-cleavage) to intergranular and a 
lowering in upper shelf energy. However, it should be noted that 
this embrittlement was observed after 2160 hours ageing and that 
the mode of fracture was not totally intergranular as shown by 
fig.69. Further ageing (i.e. after 8160 hours) increase the 
severity of this embrittlement to the extent that this alloy 
exhibited similar modes of fracture when impact tested at -196°C 
(fig.66) and +200°C (fig.67). Therefore Sb not only increases 
the severity of embrittlement for alloy 5 but also increased the 
rate at which this alloy embrittles, because for an alloy of the 
same base chemical composition without Sb (alloy 4) temper 
embrittlement due to P was manifested only after 8160 hours 
ageing (Table Va). This increase in the rate of embrittlement, 
observed in alloy 5 compared which alloy 4 was probably due to 
the fact that both alloys contained 30 ppm P, and that for alloy 
5 there was competition between Ni-P and Ni-Sb interactions. For 
alloys containing Ni the interaction Ni-Sb co-segregation was 
observed at grain boundaries. This synergistic effect basically 
arises from the preferential attractive interaction between Ni 
and Sb in Fe. For a Ni-Cr alloy it has been found^^>126) that 
Sb segregation was strongly promoted in the presence of Ni. The 
Ni-Sb interaction coefficient is considerably higher (27 K.cal/g 
atom) than for Ni-P (18 K.cal/g atora)^^\ however the intrinsic
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segregation energy of Sb is appreciably smaller than that found 
for p(134) which thermodynamically expresses that the segregation 
potency of Sb is much weaker than that of P as already observed 
for various steels(*26,133)# Therefore, the site competing 
mechanism between P and Sb was probably the cause of temper 
embrittlement in alloy 5.
4.3.2.3(b) Effect of Mo addition
The increase in Ni content from 3 to 5 mass% Ni for an alloy . 
containing 1 raass% Mo, alloy 10, induced temper embrittlement 
after extended ageing time (8760 hours). This was manifested as 
an increase in transition temperature (fig.152) throughout the 
ageing sequence and a mixed quasi-cleavage/intergranular fracture 
for the low energy mode (fig.105) after 8760 hours ageing.
However, for ageing times before the onset of temper embrittlement 
this alloy exhibited a decrease in upper shelf energy, as seen in 
fig.106, which decreased further after the onset of temper 
embrittlement. Therefore the increase in Ni content the 
presence of 1 mass% Mo will be discussed in terms of these two 
effects.
Although Ni additions are stated to generally confer 
toughness i m p r o v e m e n t s ^ ^ * ^ ^  for the alloys, in this study this 
did not prove to be the case, as shown by the decrease in upper 
shelf energy.
Norstr'6m and Vingsbo^^) investigating low tcarbon alloys 
found that Ni additions conferred powerful intrinsic toughness 
improvements and that it may decrease the impact transition 
temperature by as much as 20°C per percent of Ni, the main
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contribution being attributed to improvements in cleavage fracture 
strength*
The above authors did not, however, consider the decrease of 
the upper shelf energy (fig.153) presented for their steel 
accompanying the increase in Ni content from 5 to 9 mass% Ni. 
this reduction of 40 Joules indicates a decrease in toughness, 
whilst an unqualified improvement was claimed for their alloys.
Although the Mo content of their alloys was considerably less 
than that of the alloy in this study, the comparison is limited to 
the unembrittled condition. For this condition (aged for 24 
hours) it can be seen that the increase in Ni content from 3 to 5 
mass% produced a reduction of 35 joules in the upper shelf energy. 
Compare alloys 6 (3 mass% Ni) and alloy 10 (5 raass% Ni), figs.79 
and 106 respectively.
Yield strength as indicated by the hardness values reported 
in Table Ilia and Illb showed that there was a reduction of 36 
Hv3 q points for the increase in Ni content and that the 
transition temperature decreased by -71°C (Table IVa) which is in 
agreement with the work of Norstr'6m and Vingsbo^^SO. However, 
the increase in cleavage fracture resistance (toughness 
improvement) attributed to the increase in Ni content was not 
verified by the alloy in this study. Alloy 10 exhibited quasi­
cleavage for the low energy mode of fracture and the energy 
absorbed on impact was 30 Joules (fig.106), the same being observed 
(for alloy 6 ), before the increase Ni content (fig.79).
Therefore for the alloy in this study the increase in Ni content 
did not improve the ’intrinsic’ ductile fracture toughness or the
cleavage strength as claimed by Norstr'6m and Vingsbo^^^\ for 
their alloys*
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The improvement in toughness associated with 
the increase in Ni content was an indirect effect, since it seems 
to be associated with special heat treatments (e.g. double- 
austenitizing, i.e. high temperature austenitizing and quenching 
followed by low-temperature austenitizing)^^^* 137) which would 
produce duplex microstructures, i.e. martensite and retained 
austenite when the latter would confer the improvement in 
toughness. For the alloy in this study no retained austenite was 
detected by from the X-ray diffractoraetry measurements made for 
this alloy (alloy 10) in the as-quenched condition. Norstr’6m and 
Vingsbo, normalized their alloys at 900°C and then austenitized 
at 800°C, however, they reported no retained austenite for the 
as-quenched condition. Therefore it is possible that the 
decrease in ductile fracture toughness for alloy 1 0 was due to 
lowering of the carbide/matrix interfacial strength by impurity 
(probably P) rejection.
Geniets et al showed that alloying elements such as Ni (and 
Si) raise the C activity in raartensite^^) because the 
activation energy for the diffusion of C in martensite is mainly 
associated with the energy barrier opposing the passage of the 
carbon atoms through the prohibited octahedral sites. Therefore 
the effect of the interaction of Ni is that it can influence this 
activation energy and consequently the activity coefficient of 
the dissolved C. Furthermore, elements such as Ni (and Si) when 
in solution in iron increase the stability of graphite relative 
to carbide phases, indicating that these elements raise the C 
activity in martensite as they are known to do in austenite^-^.
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Therefore, Ni will raise the C activity which in turn can 
prevent P segregation^). For alloys containing Mo (alloy 10) 
the effect will be further complicated since Mo can suppress P 
segregation by a transient Mo-P compound formation. However, 
during long term ageing Mo is precipitated as the more stable 
carbides (e.g. M^C) with subsequent P rejection and hence 
segregation can occur.
In the case of alloy 1 0  it is likely that the onset of temper 
embrittlement was determined by the mechanism described above,
i.e. during ageing, ceraentite was replaced by more stable Mo based 
carbides thereby releasing P to segregate to the grain boundaries.
The increase in Ni content, therefore increased the 
susceptibility to temper embrittlement, since temper embrittlement 
was not present for an alloy of otherwise identical chemical 
composition containing 3 raass% Ni (alloy 6 ) and it was manifested 
after the increase in Ni content to 5 mass% Ni (alloy 10). This 
suggests that Ni strongly promotes the process of 
embrittlement^^).
Nickel has low solubility in c a r b i d e s ^ O )  and therefore can 
be rejected into solution during precipitation and growth. 
Moreover, Ni can interact with P increasing its activity or 
diffusivity in Fe^O) suggesting that Ni increases the P 
embrittling potency, thus, for alloy 1 0 , several interdependent
mechanisms are likely to have been in operation, contributing to
\
the embrittlement of this alloy. First a carbide rejection 
mechanism probably involving P, caused the decohesion of the 
carbide-matrix interface leading to the lowering of the upper 
shelf energy. Secondly during ageing the repacement of cementite
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by the more stable Mo based carbides, released P which in turn 
exhibited an increase in embrittling potency due to the level of 
Ni.
4.3.2.3(c) Effect of Mo addition in the presence of Sb
The addition of 1 mass% Mo (alloy 7) to an alloy containing 
600 ppm Sb (alloy 5) produced a shift of +35°C in transition 
temperature, in the quenched and tempered martensitic condition 
(Table IVa), for 24 hours ageing.
After 8760 hours ageing alloy 7 showed an upward shift in 
transition temperature together with cleavage as the low energy 
mode of fracture from quasi-cleavage to quasi-
cleavage/intergranular (fig.80) and a lowering of the upper shelf 
energy, indicating that this alloy was temper embrittled. 
Therefore, the 1 mass% Mo addition to alloy 7 had merely retarded 
the onset of embrittlement, because a comparison between alloy 5 
(without Mo) and alloy 7 (Table Va) shows that the onset of 
embrittlement was detected after 2160 hours ageing for the alloy 
without Mo.
Auger analysis for alloy 7 detected P (fig.142) as the
embrittling element. It appears that in spite of the strong
attractive interaction between Ni and Sb, the bulk contents
required to achieve grain boundary saturation are much larger for
Sb than for P. Note that alloy 7 contained 600 pi>m Sb, 300 ppm P
and 1 mass% Mo, the latter of which has a strong affinity for P
and can apparently act as an effective scavenger, thereby
preventing P segregation. Guttmann et al, suggest that Mo is
also a strong carbide former and this reaction can negate the P 
scavenging effect^*^^*
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A possible explanation for the mechanism of embrittlement of 
alloy 7 is that on ageing, microstructural changes involving the 
replacement of the original Fe^C precipitation by Mo-based 
carbides, removing Mo from solid solution reduced its role in 
inhibiting embrittlement by P. Since carbide transformations also 
have some effect on the matrix composition and hence influence the 
thermodynamic driving force for segregation to boundaries. The 
kinetics of the process of embrittlement during ageing are 
controlled by the diffusion rate of the less mobile species taking 
part in the process at the temperature studied^^^. It is 
possible that the release of P by the formation of Mo-based 
carbides a site competition mechanism is established between P 
and Sb, which eventually leads to P segregation to grain 
boundaries as detected by auger analysis.
Another possible explanation for the embrittlement detected 
for alloy 7 involves the Ni-Sb interaction.
The transition from one type of carbide to another modifies 
the matrix composition and it is relevant to consider the effect 
of this modification on segregation. The change in carbide type 
has been corr e l a t e d ^ ^ * ^ * ^ ^  with grain boundary P content, 
however, no correlation with Sb has been reported.
For a Ni-Cr steel^^) the increase of P segregation was 
associated with microstructural changes in carbide transformations and 
the growth of a Ni-Sn phase. The precipitation of these phases 
requires the segregated Sn to cluster, resulting in an initial 
decrease of the transition temperature followed by an increase as P 
segregates to the vacated boundary sites.
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In view of the similarity between the behaviour of Sn and Sb in 
iron^^A)^ their similar atomic radii (atomic radii for Sn and Sb are
1.57 and 1.61A respectively^^), the formation of 
N i - S b ^ ^ )  and that the presence of this phase has been associated 
with temper embrittlement^^, it is reasonable to suggest tha the 600 
ppm Sb addition for alloy 7 resulted in the formation of a Ni-Sb phase 
similarly to a Ni-Sn phase and during ageing this increased the grain 
boundary P segregation. Alloy 7 exhibited an initial decrease in 
transition temperature which could be associated with Sb segregation 
in clusters, followed by an increase in transition temperature after 
2160 hours ageing, as shown in fig.151.
For an alloy of the same chemical base composition of alloy 7 
without Sb (alloy 6 ) no embrittlement was observed. This would 
have been due to the fact that in the absence of a site 
competition mechanism the amount of P segregated was sufficient to 
cause a decrease of the upper shelf energy (fig.7 9) but not cause 
an intergranular mode of fracture. The fine carbide distribution 
probably contributed for this lowering by the mechanism previously 
described and schematically represented in fig.149.
The same effect was observed during the ageing sequence for alloy 
7, however in the presence of 600 ppm Sb the P segregation was 
possibly enhanced by the formation of a Ni-Sb phase, similar to Ni-Sn 
phases observed in Ni-Cr alloys, leading to a intergranular mode of 
fracture. The increase in Ni content from 3 raass% in alloy 7 to 5 
mass% in alloy 1 1 , increased the susceptibility to embrittlement for 
an alloy containing 600 ppm Sb and 1 mass% Mo. As indicated by the 
ageing times required to induce any intergranularity in the low energy 
fracture mode (2160 hours for alloy 11 as opposed to 8760 hours for
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alloy 7, see Table IVa). In fact a shift of +158°C in transition 
temperature was evident even for the sample aged for 24 hours which 
exhibited quasi-cleavage for the low energy mode of fracture (compare 
alloys 7 and 11, Table IVa). The kinetics of embrittlement were 
observed to be modified significantly when both P and Sb were present, 
as opposed to that in the presence of P, since for alloy 11 the onset 
of embrittlement was after 2160 hours ageing and for an alloy of 
identical chemical composition but without Sb, this occurred after 
8160 hours ageing. A similar effect was observed for alloys
containing 3 mass% Ni, alloys 4 and 5.
Alloy 11 exhibited similar behaviour to alloy 10 (i.e. a 
decrease in upper shelf energy for the earlier ageing times).
However after extended ageing times, there was an increase in
transition temperature (Table IVa) and a further decrease in upper
shelf energy (fig.106) together with a mixed 
cleavage/intergranular fracture for the low energy mode.
Similarly for alloy 7, it is probable that on ageing the 
precipitation of Mo based carbides replacing the original Fe3 C, 
removed Mo from solid solution, releasing P, then a site 
competition mechanism would have been established between P and 
Sb. Since Ni can increase P activity and subsequently its segregation 
to grain boundaries it follows that Ni will increase the embrittling 
potency of P^®).
Another factor that may have contributed to the embrittlement
!of alloy 1 1 is the carbide distribution which consisted of a 
duplex distribution of carbides with large randomly distributed 
precipitates and a fine distribution within the grains (fig.108).
This duplex distribution could have contributed to the overall
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embrittlement. A.s discussed previously, a fine carbide 
distribution is likely to contribute to the lowering of the upper 
shelf energy because of the mechanism of void growth and 
coalescence for a large number of small carbides would require 
less energy than for a small number of large carbides (as 
described in fig.149). Furthermore, for this alloy the carbides 
were sited on grain boundaries. Therefore the impurity build-up 
(probably P) by rejection from carbides and diffusion out along 
the grain boundaries would have been sufficient to produce a mixed 
mode of fracture including cleavage and intergranular for the low 
energy mode of fracture.
4.3.3 The role of nickel and chromium
4.3.3.1 Cleavage-ductile transition 
4.3.3.1(a) The base composition
The 3 raass% Ni, 1 mass% Cr alloy (alloy 2) exhibited the 
classical cleavage-ductile transition in the isothermally 
transformed upper bainite and ferrite-pearlite conditions 
thoughout the ageing sequence as shown by the impact curves, 
figs.4 and 34 respectively.
The increase in hardness observed for alloy 2 (Table 111(b)) 
in the ferrite-pearlitic condition with increasing ageing time was 
probably due to the fact that the material was not fully
transformed. It is possible that on ageing at 430°C some bainite
i
may have been formed, which contributed to the observed increase 
in hardness.
From transition temperature curves (fig.154) it can be seen 
that alloy 2 , in the ferritic-pearlitic condition, exhibited an
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upward shift in transition temperature, which perfectly fits the 
criterion from the cleavage-ductile transition. However, when 
considering alloy 2 in the isothermally transformed upper bainitic 
conditions, it can be seen that there is a decrease in transition 
temperature.
4.3.3.1(b) Effect of Sb addition in presence of Mo
The 3 mass% Ni 1 mass% Cr alloy containing 600 ppm Sb and 
1 raass% Mo (alloy 3) in the isothermally transformed upper and 
lower bainite and in the ferrite-pearlite condition exhibited the 
cleavage-ductile transition, throughout the ageing sequence as 
shown by the impact transition curves figs.62, 65 and 64, 
respectively, the low energy mode of fracture being quasi-cleavage 
for all the microstructures describe above.
The higher hardness values observed in alloy 3 ranging from 
393-468 H v 3 Q  in the ferrite-pearlite condition could have been due 
to the presence of 1 mass% Mo, since Mo additions increase 
hardness due to the solution strengthening effect.
The additions of Mo(l mass%) and Sb (600 ppm) together 
reduced the uppershelf energy exhibited by alloy 3 as compared to 
alloy 2 (base alloy) in the upper bainitic (fig.62), lower 
bainitic (fig.65) and ferritic pearlitic conditions. This 
indicates that the reduction described above was not associated 
with a specific heat treatment but rather with an! effect of these 
additions on the intrinsic ductile fracture strength of alloy 3.
The 1 mass% Mo and 600 ppm Sb addition produced a shift of 
+128°C in transition temperature after 24 hours ageing, when 
compared with alloy 2 (Table IVa).
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4.3.3.2 Reduction of the upper shelf energy 
4.3.3.2(a) Effect of Sb addition
The 600 ppm Sb addition to an alloy containing 3 mass% Ni, 1 
mass% Cr (alloy 1) produced a shift of +155°C in transition 
temperature after 24 hours ageing, in the ferrite-pearlite 
condition. During ageing there was an upward shift in transition 
temperature and a decrease in upper shelf energy, as seen in 
fig.34.
It has been reported(^3) that the thickness of pearlitic- 
cementite lamellar and interlamellar spacing are expected to 
influence upper shelf energy via their influence on void 
nucleation and coalescence (though no unequivocal experimental 
data are available to support this view at present). Figures 36-39 
however confirm that no significant changes occurred in such 
parameters for alloy 1 during the ageing sequence. The pearlitic 
cementite lamellar thickness will influence lamellar carbide 
cracking and thus void nucleation, moreover the lamellar spacing 
is also expected to affect upper shelf energy because it will 
influence the ease of void coalescence.
A comparison between alloy 2 and alloy 1 in the ferrite- 
pearlite condition (fig.34) showed that after Sb had been added 
there was a decrease in upper shelf energy and that it decreased 
further throughout the ageing sequence. However, to determine the
mechanism that led to this lowering of the upper shelf energy
I
further investigation is required.
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4.3.3*3. Temper Embrittlement 
4.3.3.3(a) The base composition
Alloy 2 (3 mass% Ni, 1 mass% Cr) in the quenched and tempered 
martensite condition exhibited an intergranular mode of fracture 
at different impact testing temperatures throughout the ageing 
sequence, e.g. at -196°C after 24 hours ageing (fig.17), at +80°C 
aged for 2160 hours (fig.18) and at ambient temperature after 8760 
hours ageing (fig.19). Intergranular fracture was also observed 
for the low energy mode throughout the ageing sequence for this 
alloy (alloy 2 ) in the isothermally transformed lower bainite 
condition as seen in figs.41, 42 and 43.
The Cr:C ratio present in alloy 2 indicates that both M 3 C 
and M 7 C3 can be expected to form, as reported by other 
a u t h o r s ^ ® ^ C a r b i d e  transformations such as M 3 C M 7 C3 have 
been associated with P segregation^^*^* 141), because P is more 
soluble in M 3 C than in M 7 C3^16\  confirming P as the embrittling 
agent for alloy 2 in the quenched and tempered martensite 
condition, since the alloy contained 30 ppm P and the etching 
technique previously discussed (p.45) as seen in fig.29, using an 
etchant which mainly attacked grain boundaries containing P 
exhibited deep etching at the grain boundaries, a similar finding 
to that of Ogura et a l ^ ^ )  and Woodfine^^).
The transition temperature curve for alloy 2 in the quenched
and tempered martensitic condition was almost constant thoughout
1
the ageing sequence, as seen in fig.155. Indicating that the P 
segregation to grain boundaries achieved some degree of 
equilibrium after 24 hours ageing at 430°C. Comparable results 
were obtained for a similar NiCr steel doped with P ^ O ,  where
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grain boundary P saturation was achieved with 24 hours on ageing 
at 500°C (fig.156) further confirming the above hypothesis.
The rate of embrittlement as measured by the shift in 
transition temperature as a function of time has been related to 
the amount of impurity segregation (such as P) to the grain 
b o u n d a r i e s ^ - * a n d  this has been observed to decrease^-*) with 
increasing ageing time.
It has been shown^^) that during diffusion controlled 
equilibrium segregation, the grain boundary concentration of 
solute builds-up relatively quickly to about half of its 
equilibrium value, but the rate then slows down as higher 
concentrations are reached. Furthermore, the C-curve behaviour 
of the time-temperature kinetics of temper embrittlement and the 
decrease in embrittlement rate with time are qualitatively 
consistent with a diffusion controlled equilibrium impurity 
segregation model.
It is likely that a similar mechanism of embrittlement 
occurred for the base composition (alloy 2 ) in the isothermally 
transformed lower bainitic structure, however in this case the 
impurity segregation equilibrium was not reached since the 
transition temperature increased with increasing ageing time, as 
seen in fig.155. Therefore it appears that the rate of carbide 
transformations that leads to temper embrittlement were slower in 
the isothermally transformed lower bainite than that occurring in
i
the quenched and tempered martensitic condition. It is shown
that the onset of temper embrittlement for the isothermally
transformed lower bainite occurred after 720 hours ageing at
430°C while it occurred after only 24 hours for the quenched and 
tempered martensitic condition.
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From TEM work for alloy 2 in the lower bainitic condition, it 
was observed that there was a change in carbide distribution from 
24 hours (fig.47) to 2160 hours ageing (fig.48), showing discrete 
grain boundary carbides, increasing carbide precipitation and a 
decrease in dislocation density with ageing time. In this case 
the change in carbide distribution appears to be the dominant 
effect, because the increased precipitation at the grain 
boundaries certainly contributed to the embrittlement of this 
alloy.
The fact that temper embrittlement was present in alloy 2 in 
the lower bainitic condition shows that the presence of Ni and Cr 
were necessary to promote impurity segregation to a level at which 
the alloy would fail by an intergranular mode of fracture. Since 
for a C-3 mass% Ni alloy (alloy 4) containing 30 ppm P as impurity 
(the same as alloy 2 ) temper embrittlement did not occur in the 
lower bainitic condition.
Carbide in lower bainites are distributed mainly within the 
laths though also on the lath and prior austenitic grain 
boundaries. The impurity enrichment at the grain boundaries will 
depend on the embrittlement potency of the elements present in 
the alloy. Thus on ageing the embrittling species rejected (such 
as P) due to carbide transformation, e.g. M^C M 7 C3 will interact 
with alloying elements in solution, such as Cr which will enhance 
P segregation^^). a result of the interaction of Cr and C,
1
the decrease in C activity will enhance P segregation leading to 
temper embrittlement.
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4.3.3.3(b) Effect of Sb addition
For the alloy of identical base chemical composition to alloy 2 
but containing 600 ppm Sb (alloy 1) temper embrittlement was 
present in the quenched and tempered martensitic condition after 
24 hours ageing at 430°C (fig.16) moreover, this alloy exhibited 
an intergranular mode of fracture even at high temperature (+80°C) 
impact testing, as seen in fig.15, indicating severe embrittlement. 
Figure 20 shows the typical mode of fracture exhibited by alloy 1 
in the quenched and tempered martensitic condition.
Temper embrittlement was also present in the isothermally 
transformed lower bainitic condition after 2160 hours ageing at 
430°C (fig.44), and in the upper bainitic condition after 8760 
hours ageing at 430°C, fig.5. Observe that alloy 1 in the upper 
bainitic condition exhibited a mixed mode of fracture at +200°C 
impact testing temperature including cleavage and intergranular, 
as seen in fig.3.
The transition temperature data obtained for alloy 1 in the 
quenched and tempered martensitic condition, isothermally 
transformed upper and lower bainite were only approximate since 
this alloy did not exhibit any true ductile fracture and, 
therefore, not a true upper shelf energy. Thus the decrease in 
transition temperature observed for the upper and lower bainitic 
condition (Table IVa) cannot be considered as a real effect, such 
as de-embrittlement. However, the apparent transition
itemperature for the quenched and tempered martensitic condition 
exhibited an increase with increasing ageing time. This effect 
could have been due to the fact that, in spite of this alloy 
exhibiting an intergranular mode of fracture on high temperature
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impact testing, it maintained high energy values. Therefore, the 
transition temperature values are apparently consistent with the 
presence of temper embrittlement in these alloys.
4.3.3.3(c) Effect of Sb in presence of Mo
In the case of alloy 3 (of otherwise identical chemical 
composition to alloy 1), the presence of 1 raass% Mo merely 
retarded the onset of temper embrittlement, which was manifest 
after 2160 hours ageing (fig.51) and increased further with 
increasing ageing time since this alloy exhibited an 
intergranular mode of fracture at high temperature impact testing 
e.g. at +80°C (fig.53) and even at +200°C (fig.54).
Molybdenum has a strong affinity for P and it can apparently 
act as an effective scavenger thereby preventing P segregation to 
grain boundaries. Once precipitation of Mo containing carbides 
takes place however, and Mo is taken out of solution, P 
segregation to grain boundaries is likely to occur. By contrast, 
the hardness increased by 116 Hv^q points (as compared with alloy 
1 in the quenched and tempered martensitic condition, after 24 
hours ageing (see Table Ilia) and such increases in hardness due 
to Mo additions are considered to increase temper embrittlement 
s u s c e p t i b i l i t y ^ * ^ )  since this increases the difficulty of 
relaxing stress concentrations at grain boundaries and 
intergranular cracks by plastic deformation. The increase in
i
hardness, per se, did not increase the susceptibility to
embrittlement because this then would have been present after 24
hours ageing at 430°C, coinciding with the fact that for this
ageing time the microstructure was relatively free of precipitation 
(fig.57).
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After extended ageing (2160 hours) this alloy exhibited an 
intergranular mode of fracture, indicating that temper embrittle­
ment developed, probably due to the formation of the Mo-rich 
carbides*
Alloy 3 contained 1 mass% Cr, both Cr and Mo are 
comparatively strong carbide formers. Therefore, it can be 
expected that the development of temper embrittlement in this 
alloy would be a function of the carbide population since changes 
in dissolved Cr and Mo levels will have an effect on segregated P 
at the boundaries'^) e^g# increases in dissolved Mo and 
decreases in dissoved Cr combine to reduce P segregation up to
0.6-0.7 mass% Mo, while the increase in dissolved Cr level 
increases P segregation for Mo contents 0.6-0.7 mass%.
However, it is difficult to separate the effects associated 
with Cr and Mo since Mo may stop segregation of P by forming 
Molybdenum Phosphorus phases when in solution whereas a decrease 
in dissolved Cr could produce a similar result. Additionally P 
segregation at high Mo contents can be due to increasing amounts 
of M^C precipitation reducing the level of C solute on the 
boundaries, which would be consistent with the results of Erhart 
and Grabke^Z) regarding grain boundary site competition between 
C and P.
The role of Sb in the embrittlement process of alloy 3 is not 
clear, it is possible that a Ni-Sb interaction occurs, as described 
previously for an alloy with Sb (alloy 1) or a site competition 
between P and Sb as suggested for alloy 7 (C-3 Ni). Further work 
is required to determine the mechanism.
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4.3.4 The role of microstructure
4.3.4.1 Carbide transformation in the quenched and tempered 
martensitic condition
In the quenched and tempered martensitic condition the grain 
boundary precipitation sequence for alloy 1 was:
(M3 C) (M3 C + M 7 C3 ) (M3 C + M 7 C3 + Mn containing G-phase), with 
increasing ageing tirae^9). This sequence is similar to those 
found in Ni-Cr alloys(^»75,90,141,147) more precisely the 
presence of M 7 C3 is associated with the enhancement of temper 
embrittlement and generally found to be a carbide rich in Cr in 
this type of alloy(90,141) which is in agreement with the findings 
of this work as shown by the EDX analysis, fig.135.
The presence of M 7 C3 was associated with F segregation, this 
element having been consistently detected by Auger analysis (e.g. 
fig.129) on the same area of fracture surface as the carbide. Ni 
was apparently associated with P segregation because, as shown by 
the Auger spectra, there was an increase in the Ni peak for the 
intergranular area when compared with the ductile area, as seen in 
figs.129 and 130 respectively. Indicating that Ni was segregated 
with P to the grain boundaries. However, Auger maps from the area 
described above, (fig.131), show the distribution of Ni (fig.132) 
and P (fig.133) on the intergranular surface. These show that Ni 
was evenly distributed over the entire area whereas P was clearly 
present only on the intergranular surfaces suggesting that Ni was 
not co-segregated with P to the grain boundaries, t After extended 
ageing times (2160 hours at 430°C), it was observed that Sb had 
segregated to the grain boundaries, as shown in fig.138, and that 
after 17,520 hours (fig.140) this alloy showed both P and 
apparently Sb (though a very small peak) segregated to the grain
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boundaries, though not to levels as significant as shown 
previously for 24 hours ageing.
Therefore, it appears that the change from one type of 
carbide to another modifies the matrix composition sufficiently to 
alter the segregation behaviour of impurity elements. For 
instance the depletion of the matrix of Cr by the formation of 
M 7 C3 increases the thermodynamic driving force for P segregation 
to grain boundaries. Taking into account other raicrostructural 
changes occurring at the same time as the M^C M 7 C3 
transformation, for instance a phase such as NiSn as reported by 
Edwards et al^^). xt is relevant to consider that these 
changes, occurring in the matrix composition, can lead to the 
segregation of other impurities present in the steel, such as Sb.
The influence of alloying elements^^ ’^ * * ^ )  such as as Cr 
(or V) which form carbides more stable than cementite will decrease 
the carbon activity allowing extensive P at the grain boundaries. 
The beneficial role of C is complex^^®) since it drives alloying 
elements (M) to the grain boundaries as a result of the large M-C 
attraction, but it opposes P segregation because of the large 
repulsive P-C interaction. In most steels^^ 6 ), q behaviour is 
extremely complex since its concentration is well in excess of the 
solubility limit in ferrite, therefore both the soluble and 
precipitated carbon are involved in the segregation process.
Therefore, the replacement of M 3 C by a Cr-rich M 7 C 3 reduces 
the solute C level at the boundary (decreasing C activity) which 
then allowes P to segregate to the vacated sites^2) as observed 
for alloy 1 in the quenched and tempered martensitic condition 
after 24 hours ageing.
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The variation in Ni, Sb and P peak heights as a function of 
ageing time (fig.157) show a simultaneous decrease in segregation 
for these elements with increasing ageing time. Sb segregation 
was detected only after 2160 hours ageing and this coincides with 
a large increase in Ni segregation, suggesting that Sb segregation 
was directly related to that of Ni and there are indications that 
Ni and Sb formed a compound type NixSby analogous to Ni3 Sn 
found in Ni-Cr alloy, as suggested by Edwards et a l ^ ^ .  SIMS 
data for alloy 1 in the quenched and tempered martensitic 
condition (fig.137) showed that S b ^ ^ ^  and S b ^ ^ ^  mass species 
were present on the intergranular fracture surface indicating 
that Sb was present in the compound form because of the shift in 
energy as indicated by the arrows in fig.137, as well as in the 
atomic form as shown in the Auger graphs.
After prolonged ageing, 8760 hours, in addition to the Sb is 
a compound form as indicated by the SbL peak in fig.139, there 
was also Mn-containing G-phase found at the prior austenite grain 
boundary. Considering Mn-containing G-phase as an interraetallic 
compound^^) it can be related to the type of interraetllic 
compound suggested by Guttmann^-^^^O which promote 
embrittlement.
Mn-containing G-phase contains Si and the presence of Mn and 
Si(150) at the grain boundaries of a Ni-Cr has been associated 
with tempered embrittlement. It also has been reported^^^ that 
in tempered martensite, for Si-containing steels, a Si-rich layer 
forms at the ceraentite-ferrite interface. The solubility of Si 
in ceraentite is extremely low. SIMS analysis for alloy 1, aged 
for 17,520 hours (fig.141), showed that Ni, Mn, Si and P were
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present on the intergranular fracture surface and confirmed the 
presence of tin-containing G-phase, at that surface.
However, the presence of the Mn-containing G-phase did not 
seem to play any relevant role in the process of temper 
embrittlement since the increase of C activity caused by Si and 
Ni in martensite(138) did not inhibit P segregation, as seen in 
the Auger spectra, fig.140, and confirmed by SIMS analysis, 
fig.141.
From the results obtained for alloy 1 (fig.157) it can be 
suggested that the temper embrittlement detected was not a result 
of equilibrium segregation, since Sb and Ni grain boundary 
concentrations decrease with increasing ageing time.
McMahon et a l ^ ^  reported a similar type of embrittlement, though 
in his alloys, Ni and Sb concentrations at grain boundaries 
reached an equilibrium after 2 0 0 0  hours ageing and the transition 
temperature was observed to increase by inference, as seen in 
fig.158a and 158b. Although there is a small decrease in the grain 
boundary concentration of Sb and P as indicated in fig.157, the 
low energy mode of fracture was intergranular for all ageing 
times. Therefore, the decrease in grain boundary impurity levels 
observed did not affect the severity of embrittlement.
The Ni/Sb atom fraction at the grain boundaries was found to 
decrease with ageing time, from 3.5 at 2160 hours to the same 
level as the bulk concentration at 17,520 hours, in accordancei
with McMahon et a l ^ 0 \  There are suggestions however^52) that 
the Ni/Sb ratio increases with increasing ageing temperature. 
Therefore, the Ni/Sb ratio will be dependent on the 
microstructural changes, such as carbide transformations, since
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Cr depletion in the matrix due to carbide formation can have a 
potent effect in limiting the segregation of Ni and S b ^ ^ ^ .  
Furthermore Ni depresses the solubility of Sb in Fe much more 
than Cr d o e s ^ ^ ^  and an alloying element with a strong 
attraction for Sb, such as Ni/Sb interaction will promote co­
segregation of these e l e m e n t s ^ ^ ^ .
It appears from the data obtained in this work, that there 
is a strong interaction between Ni and Sb, because the onset of 
Sb segregation coincides with an increase in Ni segregation, as 
shown in fig.157, and that P segregation is directly related to 
the type of carbide present, i.e. M 7 C3 (Cr-rich), which is in 
agreement with Edwards et a l ^ ^ .
Extended ageing (17,520 hours) showed that grain boundary 
concentration of Ni and Sb decreased, as seen in fig.157. This 
behaviour is analogous to that observed for a Ni-Sn phase^*^
(fig.159)
According to fig.157 Sb could have been expected to be 
detected on the intergranular fracture surface of alloy 1 after 
2160 hours ageing, however, this was not shown by the Auger 
spectrum fig.138. One possible explanation is that preferential 
segregation occurred to the prior austenite boundaries when the 
steel was held in the embrittling temperature range^^. Studies 
on structure-dependent intergranular segregation of P in a Ni-Cr 
steel^^-*) revealed that the degree of P segregation can vary 
greatly from one boundary to another and along individual stepped 
boundaries. In the above study^^-^ the degree of segregation 
was associated with the degree of grain boundary coherency. High 
energy boundaries were found to be depleted in P with respect to
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low energy boundaries. Therefore it is possible that P was not 
detected as a result of a preferential segregation phenomena.
Si segregation was significant as seen in figs.129 and 140. 
There was an increase in Si segregation with increasing ageing 
time, as seen in fig.157. Therefore it seems likely that Si has 
an important influence on the segregation process since it can 
interact with other elements including c(16) and the major 
alloying elements. Furthermore, Si is virtually insoluble in the 
carbides^-^ and may have a very large effect upon rate of 
growth of carbides. Since the build-up of Si around the growing 
particle causes an increase in the activity of C in this region, 
thereby decreasing the flux of C to the particle.
Since P segregation is directly related to the 
raicrostructural changes it is possible that there is a 
relationship between these two effects. However, a more complete 
understanding of the role played by Si would require further 
wo rk.
4.3.4.2 Carbide transformation in the isothermally transformed 
upper bainitic condition
The precipitation sequence in the isothermally transformed 
upper bainitic condition for alloy 1 was M 3 C M 3 C + M 7 C3 . M 7 C3 
was present in very small quantities'^, ^he predominant 
carbide M 3 C was low in Cr as shown by the EDX analysis, fig.124.
In this, lay one of the main differences between £he bainitic and 
the martensitic structure. Since the intergranular mode of 
fracture, was observed only after 8760 hours ageing (Table Va) for 
the upper bainite indicating that the rate of embrittlement was 
slower for this structure than for the martensitic condition.
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Phosphorus was detected after extended ageing (17,560 hours)
at 430°C as seen in the Auger spectra, fig.119. Although the P
peak was somewhat small it was not detected at all for a cleavage
region of the sample, indicating that P was segregated at the
grain boundaries. Observe that though M 7 C3 was present in very
small amounts, it was likely to influence the amount of P
segregated. Auger mapping of this region showed that Ni and Sb
segregated to the same region, i.e. to the grain boundaries, as
seen infig.123.
The Ni/Sb ratio increased with ageing time from 1.4 at 8760
hours to 2.7 at 17,520 hours indicating that, similarly to the
martensitic condition, a compound type Ni Sb„ was likely to havex y
been precipitated. The suggestion is further supported by an 
Auger map of an iron etched surface, fig.128, of the same sample 
aged for 8760 hours, which show a localised enrichment in Sb 
distribution, suggesting that Sb was in the form of clusters, 
probably with Ni, as indicated by the increasing Ni/Sb ratio. Sb 
was also segregated in the form of clusters to the cleavage 
facets, as indicated by SIMS analysis in fig.125, suggesting 
that possibly similar mechanisms of carbide impurity rejection 
were in operation for the interlath carbides which lay on the 
cleavage facets.
Therefore, it appears that, from the results obtained for the
isothermally transformed upper bainitic condition, Sb was co-
l
segregated with Ni to the grain boundaries and also in the form
of a compound probably Ni Sbv similar to the quenched andx y
tempered raartensite conditions. The difference in rate of 
embrittlement compared with that observed in the martensitic
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structure appears to be due to the small amount of M 7 C3 . This is 
in agreement with Othani et al^-*^ findings, i.e. that 
embrittlement process started by carbide transformation should 
proceed initially at a faster rate than that started by Sb 
segregation.
4.3.4.3 Microstructural Characteristics of Upper and 
Lower Bainite
In comparing the transition temperature data obtained for the 
isothermally transformed upper bainite and lower bainite (Table 
IVa), it can be seen that an alloys without Sb (alloy 2), followed 
the classical model i.e. they showed a higher ductile brittle 
transition temperature in the upper bainitic than in the lower 
bainitic condition. This difference is attributed to the wider 
transition range in lower bainite than in upper bainite^^^ due 
in turn to:
(1) the easy initiation of cleavage cracking in upper 
bainite due to the large inter lath carbides, and the 
inability of the low-angle bainitic ferrite lath 
boundaries to impede cleavage crack propagation, and
(2 ) the fine carbides within laths of lower bainite which 
impede cleavage crack propagation.
However, the same behaviour was not observed for the alloy 
containing 600 ppm Sb (alloy 1), the DBTT values being higher for 
lower bainite than for upper bainite. Observe, that the relative 
strength (Table Ilia and Illb) for both conditions were comparable.
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It appears that in the bainitic structure the carbide 
distribution and the alloy composition are of extreme importance. 
Alloy 1 was shown to be more susceptible to temper embrittlement 
in the lower bainitic condition than in the upper bainitic 
condition. Since the onset of intergranular mode of fracture 
(Table Va and Vb) was detected after 2160 hours ageing at 430°C 
for the lower bainite and after 8760 hours for the upper bainite. 
TEM work for alloy 1 in the upper bainite condition showed that 
the long axis of the carbides was perpendicular to the grain 
boundaries implying that they grew into the grains rather than 
along the boundaries as seen in figs.7, 8 and 9. This type of 
carbide distribution could have favoured cleavage instead of an 
intergranular mode of fracture, because the acicular shape of 
these carbides would act as a stress-raiser enhancing propagation 
and even nucleation of cleavage cracks.
The microstructural characteristics of upper bainite which 
favours, and of lower bainite which impede, cleavage crack propa­
gation are consistent with the findings of this work. Since in 
lower bainite, for alloy 1 containing 600 ppm Sb, the onset of 
temper embrittlement was detected at earlier ageing times (2160 
hours) than that found in the upper bainite (8760 hours), it 
seems that subtle variations in carbide distribution, allied to 
alloy composition, can greatly increase the susceptibility to 
embrittlement of bainitic structures since temper embrittlement 
was not detected in the upper bainitic condition'for an alloy 
with Sb (alloy 2).
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4.4 Overview of Compositional Effects
From the data obtained in this work it was clear that, for 
the alloys studied, the quenched and tempered martensitic 
condition was more susceptable to embrittlement than the bainitic 
or the pearlitic condition. It was suggested that the difference 
in susceptibility of the martensitic condition to temper 
embrittlement compared with the bainitic condition was associated 
with the carbide morphology and distribution, intrinsic to the 
formation of these raicrostructures, together with bulk 
composition and microstructural changes occurring during ageing 
at A30°C. Ni containing alloys (group 2) were shown to be 
susceptible to temper embrittlement when in the quenched and 
tempered martensitic condition, but not in the isothermally 
transformed pearlitic or bainitic condition. However, Ni-Cr 
alloys (group 3) were susceptible to temper embrittlement in both 
conditions, quenched and tempered martensitic and isothermally 
transformed bainitic, thus indicating that the carbide 
morphology and distribution, intrinsic to a given microstructure 
and the associated changes during ageing, were dependent upon the 
bulk composition. The precipitation sequence for a C-3Ni lCr Sb 
(alloy ^  in the martensitic condition was identified as 
(M 3 C) (M 3 C + M 7 C 3 ) (M 3 C + M 7 C3  + Mn containing G-phase). The 
carbide transformation from M 3 C to M 7 C 3 decreased C activity which 
in turn favoured P segregation to grain boundaries which led to an
1
intergranular mode of failure together with an upward shift in 
transition temperature. In the case of the isothermally 
transformed bainitic condition the dominant carbide, for the same 
alloy 1 (C-3Ni, lCr Sb) was M 3 C and Sb was found to co-segregate
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with Ni to the prior austenitic grain boundaries, forming a
NL_Sbv compound similar to NiSn, producing an intergranular mode x y
of fracture. Therefore, it seems that temper embrittlement, for 
the alloys in this study, was not only a phenomenon dependent on 
impurity segregation to grain boundaries, but also a phenomenon 
which will depend on the microstructure present and the bulk 
composition. These will then be responsible for the interactions 
between impurities and alloying elements occuring as a consequence 
of the microstructural changes during ageing.
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CONCLUSIONS
The quenched and tempered martensitic condition was the most 
susceptible to temper embrittlement, followed in turn, by the 
bainitic and pearlitic microstructures.
The quenched and tempered martensitic condition embrittled at 
a faster rate than the isothermally transformed bainitic 
structure.
The precipitation sequence with increasing ageing time for 
alloy 1 in the quenched and tempered martensitic condition 
was (M^C) (M^C + M 7 C 3 ) (M^C + M 7C 3 + Mn-containing G-phase).
The precipitation sequence in the isothermally transformed 
bainitic condition for alloy 1 was (M^C) (M^C + extremely 
small quantities of M 7C 3 ).
Alloy 1 (0.3 raass% C, 1 mass% Cr, 3 mass% Ni) in the quenched 
and tempered martensitic condition aged for 24 hours at 430°C 
was embrittled by P segregated at the grain boundaries due to 
the decrease in C activity promoted by the formation of Cr- 
rich carbide (M7C 3 ).
At later ageing times (17,520 hours) for alloy 1 in the 
quenched and tempered martensitic condition, Ni and Sb co­
segregated to the grain boundaries.
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7. The dominant carbide in the bainitic microstructure (MgC) 
increased the C activity at the prior austenitic grain 
boundaries preventing P segregation and intergranular failure 
in the early stages of the ageing treatment.
8 . Mo was not effective in preventing embrittlement in the 
quenched and tempered martensitic condition, except for 
alloys 8 and 9 containig high Mo ( 4 mass%) and negligible 
amounts of Ni and Cr.
9. The rate of embrittlement for the tempered martensitic 
condition increased with increasing Ni content.
10. The bainitic microstructure was less susceptible to temper 
embrittlement because, the carbide morphology and distribution 
intrinsic to the formation of these microstructures, together 
with bulk composition and microstructural changes occurring 
during ageing are more likely to favour a cleavage mode of 
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Element c Cr Ni Nn Si Mo A1 S P Sb
Alloy mass56 ppm
\1 0.34 0.97 3.01 0.37 0.37 - - 50 30 500
2 0.30 0.95 2.96 0.41 0.30 - 30 40 30 -
3 0.32 1.0 3.05 0.53 0.37 0.94 40 40 30 600
4 0.30 0.06 3.54 0.45 0.33 - 30 40 30 -
5 0.30 0.06 3.54 0.45 0.33 - 30 30 30 520
6 0.31 0.08 3.60 0.47 0.35 0.93 40 30 30 -
7 0.31 0.08 3.60 0.47 0.35 0.93 40 30 30 590
8 0.31 0.08 0.004 0.45 0.39 3.87 40 30 30 -
g 0.30 0.08 0.004 0.43 0.39 3.91 50 60 60 600
10 0.35 - 5.06 0.45 0.39 0.93 50 20 30 -
11 0.35 - 5.06 0.42 0.38 0.96 50 20 30 650
Table I
HEAT TREATMENT CODE
875°C lh + 430°C for 24, 168, 720, 2160, 8760 & 17520 hours A
875°C lh WQ + 600°C lh + 430°C for equivalent ageing times B
875°C lh + 580°C 48h + 430°C for equivalent ageing times C
875°C lh + 350°C SB 48h + 430°C for equivalent ageing times D
A (slow cooling) = isothermally transformed bainite
B = quenched and tempered martensite
C = isothermally tranformed pearlite
D (fast cooling) = isothermally transformed bainite
SB = salt bath
Table II
TABLE 111(a) For the alloys 1 to 11 in the quenched
and tempered martensitic and 
isothermally transformed lower bainitic 
condition.
Key |___ | samples exhibiting temper
embrittlement
TABLE HI(a)
Hardness Values .J Hy^ )
D(Bainitic)B(Martensitic)HT
AgeingAlloys^^Time? 8760216072024 720 2160 8760 24
325235426 376 441 422 285 289C 4 Mo
318298413 372 389 389 281 274C 4Mo Sb
256 254 249 235246 258 219262C 3Ni
246 303 393258 377 225C 3Ni Sb
398 328 327 398400 400 362360
373 341 389395 362391| 349 370C 3Ni IMo Sb
362 418 400396 348 358 355C 5Ni IMo
420|387 362 398351 344 375C 5Ni IMo Sb
|296276| 285 282 287| 278 |320 305C lCr 3Ni
2M ||281| 318 298|| 2871 302C lCr 3Ni Sb
397 434 432 439401 374 413 420C lCr 3Ni IMo Sb
TABLE 111(b) For alloy 1 to 3 in the isothermally
transformed ferrite-pearlite and upper 
bainitic condition.
i
Key | | samples exhibiting temper
embrittlement
TABLE 111(b)
Iht C(Ferritic-pearlitic) A(Upper Bainite)
Ageing ' ' Alloys\ Tiroes 1
1





1 8760 1 1 1 1 1
24
1 1
1 720 1 1 1 1 1
1
2160 8760 1
1 2 1 'c lCr 3Ni 1 1 1
1209 | 
1
222 1| 304 
1
1 1 1 244 | 1 1
294 1 1 I 294 | 1 1
293 282 |
1 1 1 lc lCr 3Ni Sb 1 1 1
1255 | 
1
257 1| 254 
1
1 /! 
! /  !
339 11 /  1 1/ 1
290 128611
j 3 1 C lCr 3Ni IMo Sbl
1394 | 
1
465 1| 393 
1
1 1 | 468 | 
1 1
409 1 1 1 441 | 1 1
420 421 1
1 1 I 1 1 1 1 1 1 1
TABLE IV(a) Transition temperature values for alloys 
1 to 11 for all heat treatments applied 
according with ageing time.
- transition temperature value for 
the point of inflexion criterion
Key
T - transition temperature for the 
mean value criterion
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Transition temperature values for alloys 
1 to 11 for all heat treatments applied 
according with ageing time.
D^-j- - transition temperature value for 
the point of inflexion criterion
Key
T - transition temperature for the 
mean value criterion
|___ | test not performed
iTABLE IV(b)
B (Martensite) *D (Bainite) 11
24 720 2160 8760 1 24 1 720 1 1 2160 8760 1 1
t?3J! Id il
td I td 4 3 J1 I 1
td43J1 T0 I I td itd 43J | 11
Up n D i td i tdI 43J| I| 43J| I I I I  1
T°,, 1 T° 43J1 I1
td i td 143JI II 1 11 8 Ii 1 + 159 1 + 120 | 1 1 I I  1+11 I I I  1 -18 1-206 1
+27 | + 1 IE 
1 11 9 iI 11 1 +78 11 1 1-211 | I I I  1 11 +65 1+10 | 1 1iI 11 1 I I I  1 I I I  1 11 1 1 1 1Ii 11 11 I I I  1 I I I  1 11 1 1 1 11 4 II 11 + 1 1 1 I I I  1 I I I  1 -59 | 1 +82 |-61 | 1 1I 5 ii • +50 1
+97 1 “7 11 1 1 1 1+169 I I I  1 +219 | 1 1-112| 1 11 6 ii 1 +110|+120 1 ! 1 -146 | I l l  1 + 155 I 1 1 1 1I 7 ii 1 -27 1 *62 i + 33 1 i ! -340 I I I  1
+238 | 
1 -3i:110 iI 11
I +61 +1631-10
1 1 1 i I I I  1 1
+75 I 1 1 1111 II 11 1-166 1+231 I I I  1 I I I  1
+91 | 1 1 i 1iI 11 1 I I I  1 11 1 1 1 1
I 11 1 I I I  1 I I I  1 11 1 1 1 11 2 ii 1 +4 | +8 1 1 1 1 - 9 1  I I I  1 +56 | +48 1
-14 | | 1 1I 1 II 11 1+611 I I I  1 I I I  1 11 1 1 1 1I 3 ii 11 1 + 66 1 1 1 1 +19 I +24 I I I  1 11 I-Km 1 1 ‘ 1ii 11 11 I I I  1 I I I  1
!
1 1 1 1 1
c (Pearli te) >\ (Upper Sainitic) 11iI 1 ! 1 1 1 I I I  1 1 11 0 ' ii 19 ! -3 1 -1 1 13 11 1 1 1-71 1-56 I I I  1 -16 1-16 1 -651 -501 1I 1 ii +3 | +13 1 +30 I *10 11 I I I  1 1 I I  1 1+18! 1 0 I I I  1 :1 3 ii 11 1 -105 11 I I I  1 I I I  1 1 ! 1-6 1 1 1ii 11 11 I I I  1 I I I  1 11 1 1 1 1 1 1
TABLE V(a) Type of fracture for low energy mode, for a
i given ageing time, for alloys 1 to 11 in the 
quenched and tempered martensitic (B) and 
isothermally transformed lower bainitic 
condition (D).
TABLE V(b) For alloys 1 to 3 in the isothermally 
transformed ferrite-pearlite (C) and 
isothermally transformed upper bainitic 
condition (A.).
Key I | samples exhibiting temper
embrittlement
TABLE V(a)
Type of fracture for the low energy «ode, for a given ageing tiae
IB (Martensitic) Id (Bainitic)
|Alloys J24h1 720h 2160h1 1 8769h 124h 1 720h 2160h 87 6 Oh 1
i 3
|C 4Mo Iqc QC QC j QC [QC QC QC QC j
1 9







|C 3Ni Iqc QC QC j D/I/C Iqc QC QC QC J
1 5
|C 3Ni Sb ]qc QC D / 1 I 1 QC/I J QC QC QC QC 1
1 6
|C 3Ni IMo Iqc QC QC J QC Iqc QC QC QC |
I 7
|C 3Ni IMo Sb Iqc QC D/i I QC/I Iqc QC QC QC j
H O
|C 5Ni IMo Iqc QC D/i ! QC/I Iqc QC QC QC J
111
|C 5Ni IMo Sb [qc QC X/D ! C/I Iqc QC QC QC jI
1 1 1
1 2
|C 3Cr INi J i I I J I I c c/i I C/D/I j
I 1
|C 3Cr INi Sb I i 1 I 1 1 I I c l C I C/D/I 1
1 3
|C 3Cr INi IMo Iqcs b r QC QC J QC Iqc QC QC QC jii 1 1 ! 1 1 1
TABLE V(b)
Type of fracture for the low energy node, for a given ageing tiae
l c  (Pearlitic) >A (Upper Bainitic) *
lAlloys 124h 1 7 20h 2160hj 87 69h 124hJ 720h 2160b. j 87 6 Oh 1
1 2
|C 3Cr INi 1 C 1 C c 1 C 1 c I C 1 1 c 1 , c 1
| 1
|C 3Cr INi Sb 1 C 1 C c 1
- I c 1 C 1 1 I 1
1 2
|C 3Cr INi IMo I qcSb|x QC QC j QC Iqc j QC QC j QC ‘
1 1 1 1 1 1 1 1 1 1 1
6
Fig. 1 Schematic diagram of the interactions which 
can be analysed by the V.G. Scientific MICROLAB 
500 used in this investigation.
I s (S IM S.SSM )




F i g .  2 Schematic diagram of the physical principle
of (a) the emission of an Auger electron from
f 1 0 1 1an ionized Si atom , (b) the ion beam
i n t e raction with a surface (SIMS process)
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Fi g . 3 Scanning electron micrograph of alloy 1 heat 
treatment A, aged for 8,760 hours at A30°C 
and impact tested at +200°C, mag. 250x.
!

Fig. 4 DBTT curves for alloys 1 and 2 in the i s o the r­
mally transformed bainitic condition (heat 
treatment A) with i n c r easing ageing times, 
i.e. 24, 2,160 and 8,760 hours at 430°C.
no
H m t Iru ttm m nT (A)*0
to­
ur
W < c  2lUH>
no -











ATJyr f  Tmftny Tmmf *r0 /L r*fT )
Fig. 5
F i g .
Sc a nning electron m icrograph of alloy 1 heat 
treatment A, aged ^for 8,760 hours at A30°C 
impact tested at ambient temperature, mag. 
5 0 0 x .
Ageing curves for alloys 1 and 2 in the 
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Fig. 7
F i g . 8
Fig. 9
T r a n s m i s s i o n  electron m i c r o g r a p h  of alloy 1 
in the isoth e r m a l l y  tran s f o r m e d  bainitic 
con d i t i o n  (heat treatment A) aged for 24 hours 
at 4 3 0 ° C .
T r a n s m i s s i o n  electron mic r o g r a p h  of alloy 1 
in the isoth e r m a l l y  t ransformed bainitic 
con d i t i o n  (heat treatment A) aged for 168 hours 
at 4 3 0 ° C .
Annular dark field image of alloy 1 in the 
i s o t h e r m a l l y  transformed bainitic condition 
(heat treatment A) aged for 8,760 hours at 
430 ° C . 1

Fig. 10 T r a n s m i s s i o n  electron m i c r o g r a p h  of alloy 1 
in the isothermally t r a n sformed bainitic 
c o n dition (heat treatment A) aged for 8,760 
hours at 4 3 0 ° C .
Fig. 11 Scanning electron m icrograph of alloy 1 in 
the isothermally t ransformed bainitic condition 
(heat treatment A) aged for 24 hours at 430°C, 
mag. lOOOx.
Fig. 12 Sc a n n i n g  electron micrograph for alloy 1 in 
the isothermally transformed bainitic condition 
(heat treatment A) aged for 2,160 hours at 
430°C, mag. lOOOx. .

Fig. 13 Scanning electron m i c r o g r a p h  of alloy 1 in 
the isothermally t r a n s f o r m e d  bainitic condition 
(heat treatment A) aged for 8,76 0 hours at 
430°C, mag. lOOOx.
Fig. 14 Scanning electron mic r o g r a p h  of alloy 2 in 
the i s othermally t r a n sformed bainitic condition 
(heat treatment A) aged for 24 hours at 430°C, 
mag. lOOOx.
Fig. 15 Alloy 1 heat treatment B, aged for 24 hours 
at 430°C, impact tested at +80°C, mag. llOOx.
i

Fig. 16 DBTT curves for alloys 1 and 2 in the quenched 
and tempered m a r t ensitic condition (heat 
treatment B) with increasing ageing times.
i
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Fig. 17 Scanning electron micr o g r a p h  of alloy 2, heat 
treatment B, aged for 24 hours at 430°C, 
impact tested at-196°C, mag. 550x.
Fig. 18 Scanning electron micrograph of alloy 2, heat 
treatment B, aged for 2,160 hours at 430°C, 
impact tested at +80°C, mag. 650x.
Fig. 19 Scanning electron micrograph of alloy 2, heat 
treatment B, aged for 8,760 hours at 430°C, 
impact tested at ambient temperature, mag. 
4 0 0 x . I

Fig. 20 Scanning electron m i c r o g r a p h  of alloy 1, heat 
treatment B, aged for 2,160 hours, impact 
tested at ambient temperature, mag. lOOOx.
Fig. 21 Scanning electron m i c r ograph of alloy 1, heat 
treatment B, aged for 2,160 hours further 
hydrogen embrittled for 16 hours at 200°C 
and impact tested at-140°C, mag. lOOOx.

Fig. 22 Ageing curves for alloys 1 and 2 in the 
quenched and tempered m a r t e n s i t i c  condition 
(heat treatment B).
600
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Fig. 23 T r a n s m i s s i o n  e l e ctron m i c r ograph of alloy 
1 in the q u e nched and tempered martensitic 
c o n d ition (heat treatment B) aged for 24 hours 
at 4 3 0 ° C .
Fig. 24 T r a n s m i s s i o n  electron m icrograph of alloy
1 in the quenched and tempered martensitic 
c o n dition (heat treatment B) aged for 168 
hours at 430°C.
Fig. 25 Scanning electron m icrograph of alloy 1 in 
the quenched and tempered m artensitic condition 
(heat treatment B) aged for 24 hours at 430°C, 
mag. lOOOx. •

Fig. 26 Scanning electron m i c r ograph of alloy 1 in 
the quenched and tempe r e d  m a r t ensitic condition 
(heat treatment B) aged for 8,760 hours, mag. 
lOOOx.
Fig. 27 T r a n smission electron micrograph of alloy 
1 in the quenched and tempered martensitic 
condition (heat treatment B) aged for 8,760 
h o u r s . *
Fig. 28 Tran s m i s s i o n  electron micrograph of alloy 
1 in the quenched and tempered martensitic 
condition (heat treatment B) aged for 17,520
I
h o u r s .
lJ
Fig. 29 Scanning . e l e c t r o n  m i c r o g r a p h  of alloy 2 in 
the quenched and t e m p e r e d  m a r t ensitic condition 
(heat treatment B) aged for 24 hours at 430°C, 
mag. 700x.
Fig. 30 T r a n s m i s s i o n  e l e ctron m i c r o g r a p h  of alloy 2 
in the quenched and tempered martensitic 
condition (heat treatment B) aged for 2,160 
hours at 430°C.
Fig. 31 T r a n s m i s s i o n  electron m i c r ograph of alloy 2 
in the quenched and tempered martensitic 
condition (heat treatment B) aged for 8,760 
hours at 430°C.

Fig. 32 Scanning electron micrograph of alloy 2, heat 
treatment C, aged for 24 hours at 430°C, 
impact tested at ambient temperature, mag. 
lOOOx.
Fig. 33 Scanning electron m i c r ograph of alloy 2, heat 
treatment C, aged for 8,760 hours at 430°C, 
impact tested at ambient temperature, mag. 
lOOOx.
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Fig. 34 DBTT curves for alloys 1 and 2 in the pearlitic 
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Fig. 35 Ageing curves for alloy 1 and 2 in 
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Fig. 36 T r a n s m i s s i o n  electron m i c r o g r a p h  of alloy 
1 in the pearlitic c o n dition (heat treatment 
C) before ageing.
Fig. 37 T r a n s m i s s i o n  electron m i c r o g r a p h  of alloy 
1 in the pearlitic condition (heat treatment 
C) aged for 24 hours at 430°C.
w r
Fig. 38 T r a n s m i s s i o n  electro n m i c r og raph of alloy 
1 in the pearlitic  co nd ition (heat treatment 
C) aged for 720 hours at 430°C.
Fig. 39 T r a n s m i s s i o n  electro n m i c r ograph  of alloy 
1 in the pearlitic cond ition (heat treatment 
C) aged for 2,160 hours at 430°C.

Fig. 40 Scann ing electron m i c r o g r a p h  of alloy 2 in 
the pearlitic c o n diti on  (heat treatment C) 
aged for 24 hours at 430°C, mag. llOOx.
Fig. 41 Scanning electron m i c r o g r a p h  of alloy 2, heat 
treatment D, aged for 720 hours at 430°C, 
impact tested at -70°C, mag. lOOOx.
Fig. 42 Scanning  electron m i c r o g r a p h  of alloy 2, heat 
treatment D, aged for 2,160 hours at 430°C, 
impact tested at -70°C, mag. llOOx.

iFig. 43 Scanning electron microgra ph of alloy 2, heat 
treatment D, aged for 8,760 hours at 430°C, 
impact tested at -196°C, mag. llOOx.
Fig. 44 Scanning electron microg raph of alloy 1, heat 
treatment D, aged for 2,160 hours at 430°C, 
impact tested at ambient temperature, mag. 
700x.

DBTT curves for alloy 1 and 2 in the 
i s o t h e r m a l l y  tr ansforme d bainitic condition
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Fig. 46 Ageing curves" f-OrF a 14-ays 1 and 2 in the
 ^V*. > ^ *N % tei s o t h e r m a l l y -  t r.a.n’s f or med bainitic condition 
(heat treatment D).
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Fig. 47 T r a n s m i s s i o n  electron micr ograp h of alloy 
2 in the iso the rmall y transformed bainitic 
c o n dition (heat treatment D), aged for 24 
hours at 430°C.
Fig. 48 T r a n s m i s s i o n  electron micrograph of alloy 
2 in the isoth ermally transformed bainitic 
co n d i t i o n  (heat treatment D), aged for 2,160 
hours at 430°C.

!Fig. 49 DBTT curves for alloys 1 and 3 in the
is ot h e r m a l l y  tra nsformed bainitic co ndition 
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1Fig. 50 Ageing curves for alloys 1 and 3 in the
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Fig. 51 Scanning electron micrograph of alloy 3, heat 
treatment B, aged for 2,160 hours at 4 30°C, 
impact tested at -80°C, mag. 800x.
Fig. 52 Scanning electron micrograph of alloy 3, heat 
treatment B, aged for 8,760 hours at 430°C, 
impact tested at ambient temperature, mag. 
800x .

iFig. 53. Sc ann ing electron micrograph of alloy 3, heat 
treatment B, aged for 8,760 hours at 430°C, 
impact tested at +80°C, mag. 800x.
Fig. 54 Scanning electron micrograph of alloy 3, 
heat treatment B, aged for 8,760 hours at 
430°C, impact tested at +200°C, mag. 8 0 0 x .

Fig. 55 DBTT curves for al loy s 1 and 3 in the quenched 
and te mpe red mart e n s i t i c  condition (heat 
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Fig. 56 Ageing curves for alloys 1 and 3 in the 
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1
Fig. 57 T r a n s m i s s i o n  electr on  m i c r ograph  of alloy 
3 in the quench ed and tempered  mart ensitic 
co ndi tion (heat tre atment B) aged for 24 hours 
at 4 3 0 ° C .
t

Fig. 58 DBTT curves for alloys 1 and 3 in the pearlitic 
co ndi tion (heat treatment C) with increasing 
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F i g .  6 0  D B T T  c u r v e s  f o r  a l l o y s  1 a n d  
c o n d i t i o n  ( h e a t  t r e a t m e n t  D) 
a g e i n g  t i m e .

























Fig. Ageing curves for alloys 1 and 3 in the 
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Fig. 62 DBTT curves for alloys 2 and 3 in the
i s o t h e r m a l l y  tr an sformed bainitic condition
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Fig. 63 DBTT curves for alloys 2 and 3 in the quenched 
and tempered martensiti c (heat treatment B) 
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Fig. 64 DBTT curves  for alloys 2 and 3 in the pearlitic
c o n d i t i o n  (heat trea tme nt C) with increasing 
ageing time .
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rFig. 65 DBTT curves for alloys 2 and 3 In the 
isothermally tran sfo rmed bainitic condition
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Fig. 66 Sca nni ng electron m i c r o g r a p h  of alloy 5, heat 
treatment B, aged for 8,760 hours at 430°C, 
impact tested at -196°C, mag. 800x.
Fig. 67 Scanni ng ele ctr on m i c r o g r a p h  of alloy 5, heat 
tr eatment B, aged for 8,760 hours at 430°C, 
impact tested at +200°C, mag. 800x.
1

68 DBTT curves for alloys 4 and 5 in the quenched 
and tempered condition  (heat treatment B), 
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Scanning electron m i c r og raph of alloy 
treatment 3, aged for 2,160 hours at 
impact tested at ambient temperatur e

Fig. 70 Ageing curves for "alloys 4’ and 5 in the 
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Fig. 71 T r a n s miss io n ele ct ro n mic rog raph of alloy 
4 in the quenched and tempered martensitic 
condition (heat treat ment B) aged for 2,160 
hours at 4 3 0 CC .
Fig. 72 T r ansm is sion el ec tron mic rogra ph  of alloy 
4 in the quenched and tempered martens itic 
condition (heat treatmen t B), aged for 8,760 
hours at 4 3 0 °C.

DBTT curves for al loys 4 and 5 in the
is o t h e r m a l l y  t r a n s f o r m e d  bainitic condition
(heat tr eatment  D), with increa sing ageing
kwf l r  ( 'C )
90
WAWWAft,
Imp a c t- T m f* 2  Tmmf< f» r> tr -m ( ‘C )
90
W V W W W M
*-
fK hmpmcf Tnfify T»np*r*tlS* C*C)




ImptcS T<o\ne) T%ny>m*'3 f ‘C )
Fig. 7 4 Scanning electron m i c r o g r a p h  of alloy 5, heat
treatment D t aged for 24 hours at 430°C,
impact tested at -196°C, mag. 950x.
Fig. 75 Scanni ng electron m i c r og ra ph of alloy 5, heat 
treatment D, aged for 8,760 hours at 430°C, 
impact tested at -196°C, mag. 950x.

Fig. 76 Ageing curves for alloys 4 and 5 in the 
is oth er mally t ran sf ormed bainitic condition 
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Fig. 77 Sc ann in g el e c t r o n  m i c r ograph  of alloy 4 in 
the i s o t h e r m a l l y  t ra nsforme d bainitic condition 
(heat treatment D) aged for 24 hours at 4 3 0 CC, 
mag . 1 2 0 0 x .
Fig. 78 Scanning  e l e c t r o n  m ic rograp h of alloy 5 in 
the i s o t h e r m a l l y  t r a n s formed bainitic condition 
(heat tre at me nt D) aged for 24 hours at 430°C, 
mag. 1200x.

Fig. 79 DETT curves for aliovs 6 and 7 in the quenched
and tempere d martensi tic condition 
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Scanning electro n m i c r o g r a p h  of alloy 7, heat 
treatment B, aged for 8,760 hours at 4 3 0 ° C 
fa) impact tested at ambient temperature, 
mag. iOOOx, (b) impac t tested at - 1 9 6 CC, 
ma g . 1O O O x .

F i g . Ageing cur.v.es v for alloys 6 and 7 in the 
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Fig. 82 T r a n s m i s s i o n  ele c t r o n  mic rog raph of alloy 
o in the qu enc hed and tempered martens it ic 
c o n d i t i o n  (heat tr eatment B) aged for 8,760 
hours at £ 3 0 0 C .
Fig. 83 T r a n s m i s s i o n  el e c t r o n  micr og raph of alloy 
7 in the qu ench ed  and tempered mar tensi ti c 
c o n d i t i o n  (heat tre at me nt B) aged for 8,760 
hours at £ 3 0 °C .

DBIT curves for alloys o and 
iso thermally bainitic condition (heat 
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F i g . S 5 Alloys 6 and 7, heat treatment D, aged for
2 U hours at 4 3 0 0 C (a) alloy 6, impact tested
at -30°C, mag. 950x, (b) alloy 7, impact
tested at -196°C, mag. 950x.
b
56 Alloys 6 and 7 , heat treatment D, aged for
8,760 hours at 4 3 0 0 C (a) alloy 6, impact tested
at - 1 9 6 3 C , rr. a g . 900 x, (b) alloy 7, impact
tested at - 1 9 6 °C, mag. 9 0 0 x.
i

Fig. 88 Sc a n n i n g  el ec tron m icrog ra ph of alloy 8, heat 
t re a t m e n t  B, aged for 24 hours at 430°C, impact 
tested at ambient temperature, mag. 1400x.
Scannin g electron mic rogra ph of alloy 9, heat 
treatment B, aged for 24 hours at 430°C, impact 
tested at ambient temperature, mag. 1500x.
Fig. 90 S c a n n i n g  el ec tron mic rogra ph  of alloy 8, heat 
t r e a tm en t B, aged for 8,760 hours at 430°C, 
impact tested at ambient temperatures, mag. 
12 0 0 x .

Fig. 87 Ageing curves for -alloys 6 and 7 in the 
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Fig. 91 Scanning ele ct ron m i c r o g r a p h  of alloy 9, heat 
treatment B, aged for 8,760 hours at 430°C, 
impact tested at am bient temperature, mag. 
16 0 0 x .
rig. 92 Scanning electron micrograph of alloy 3, heat 
treatment 3, aged for 2 A hours at  ^3 0 = C , impact 
tested at + 2 0 0 cC, mag. 1700x.
Fig. 93 Scanning electron m i c r og raph of alloy 8, heat 
treatment B, aged for 8,760 hours at 430°C, 
impact tested at +200°C, mag. 1600x.

Fig. 94 Sc a n n i n g  ele ctr on mic rogr ap h of alloy 
treat me nt B , aged for 24 hours at 430°C, 
tested at +80°C, mag. 1400x.
Fig. 95 Sc a n n i n g  electr on mic ro graph of alloy 
t r e at me nt B, aged for 8,760 hours at 
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D3TT curves for alloys 8 and 9 in the quenched 
and tempered martensitic condition, ( heat 
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Ageing cur ves for alloys 8 and 9 in the 
quenched and tempered martens it ic condition 
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Fig. 98 T r a n s m i s s i o n  electron mic ro gr aph of alloy 
9 in the quenched and tempered martensitic 
c o n d ition  (heat treatment B) aged for 8,760 
hours at 4 3 0 0 C .
Fig. 99 Ca rbo n extr ac tion replica of the mic rostr uc ture 
ob t a i n e d  for alloy 9 in the as-quenc hed 
condition, showing M e C particle (particle 
A).

Fig. .100 DBTT curves for alloys 8 and 9 in the 
isothermally transformed bainitic condition 
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Fig. 101O Ageing curves for alloys 8 and 9 in 
i s othe rm ally transf ormed bainitic condi 
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T r a n s m i s s i o n  el ectron m i c r og raph of alloy 
8 in the i s o t h e r m a l l y  t ransfo rm ed bainitic 
c on di tion (heat treatment D) aged for 24 
hours at 4 3 0 DC.
T r a n s m i s s i o n  electron  m i c r ograp h of alloy 
8 in the i s o t h e r m a l l y  tran sforme d bainitic 
c on d i t i o n  (heat treatment D) aged for 8,760 
hours at 4 3 0 ° C .

Fig. 104 Scanning electron mi cr o g r a p h  of alloy 11, 
heat treatment B, aged for 2,160 hours at 
430°C, impact tested at ambient temperature, 
m a g . 8 0 0 x .
Fig. 105 Scanning ele ctr on micrograph  of alloy 10, 
heat treatment B, aged for 8,760 hours at 
430°C, impact tested at -196°C, mag. 800x.

Fig. 106 D3TT curves for alloys 10 and 11 in the 
qu enc he d and tempered m art en sitic condition 
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Fig. 107 Ageing curves for alloys 10 and 11 in the 
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Fig. 108 Trans m iss ion electron micrograph of alloy 
11 in the quenched and tempered martensitic 
condition (heat treatment B) aged for 8,760 
hours at 4 3 0 ° C .

Fig. 109 D3TT curves for alloys 10 and 11 in the 
isothermally transformed bainitic condition 
(heat treatment D) with i. ncreasing ageing
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Fig. 110 Ageing curves for alloys 10 and 11 in the 
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Fig. Ill Scanning electron m i c r o g r a p h  of alloy 10, 
heat treatment D, aged for 720 hours at 
430°C, impact tested at -196°C, mag. 900x.
Fig. 112 Scanning electron micrograph of alloy 10, 
heat treatment D, aged for 8,760 hours at 
430CC, impact tested at -196°C, mag. 900x.
Fig. 113 Scanni ng electron mic r o g r a p h  of alloy 11, 
heat treatment D, aged for 24 hours at 430°C, 
impact tested at -196°C, mag. 900x.

Sc a n n i n g  electron micro gr aph of allo y 11, 
heat treatment D, a ged for 8,7 50 hours at 
4 3 0 =C, impact tested at -196°C, mag. 900x.
T r a n s m i s s i o n  ele ct ron m i c r o g r a p h  of alloy 
11 in the i sotherm al ly t r a n s f o r m e d  bainitic 
c o n d i t i o n  (heat treatment D) aged for 8,760 
hours at A30°C.

Fig. 116 Auger analysis (average over 1 . 5 m m 3) taken 
from alloy 1 in the i s o t h er mally transformed 
bainitic c o n d it ion .(beat treatment A) aged 
for 720 hours at 4 3 0 0 C and embrittle d for 
16 hours at 2 0 0 3 C in hydrogen atmosphere.
Fig. 117 Auger analysis  taken from an intergranular 
fracture surface area of alloy 1 after 8,760 
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Fig. 118 Auger spectrum obtai ne d from a mixed fracture 
surface area of alloy  1 including inter- 
granular cleavage and ductile, after 8,760 
hours ageing at 4 3 0 ° C for heat treatment 
A .
i ~ -
Fig. 119 Auger spectrum obtain ed  from an inter granular
fracture surface area of alloy 1, after
17,520 hours ageing at 430°C for heat
treatment A .
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Fig. 121 S e c o n d a r y  
el e c t r o n  image from 
the i n t e r gr an ular
fracure surface of 
alloy 1 aged for 
1 7,52 0 hours at 4'30°C.
Fig. 122 Auger map
of. ba ck gro und signal 
for area shown in
Fig. 121.
Fig. 123 Auger maps giving the dist r i b u t i o n  of 
the elements S b (a ), Ni(b), Cr(c) and P(d) 
on the region depicted in Figs. 121 and 
1 2 2.
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Fig. 124 Energy di sp ersiv e X-ray analysis of the 
particle (B) (>1 3 C ) found on the inter- 
granular fracture surface of the structure 
shown in Fig. 121.
Fig. 125 Positive secon dary ion mass dis tr ib ution 
of species sputtered from a cleavage
fracture surface of embrittl ed isotherma ll y 
formed bainite (heat treatment A) aged 
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S e c o n d a r y  el e c t r o n  image of alloy 
isot h e r m a l l y  t r a n s f o r m e d  bainitic 
(heat treatment A) aged for 8, 
at 4 3 0 0 C , after ion beam sputter ing
To p o g r a p h i c a l  image from the 
surface shown in Fig. 126.




Auger map showing the Sb distribu ti on of 
the area shown in Fig. 126.
. 1 \  vl
Auger spectrum from an i n t e r g r a n u l a r  fracture 
surface area' of alloy 1 in the quenched 
and tempered mar te nsitic  conditi on  (heat 
treatment 3) aged for 24 hours at 4 3 0 0 C .
Auger spectrum for a ductile fracture
surface area of alloy 1 (heat treatment 
B) aged for 24 hours at 430°C.
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131 T o p o g r a p h i c a l  image from the inter granular 
fracture surface area of alloy 1 after being 
aged for 24 hours at 430 0 C for heat treatment 
B.
132 Auger map distribution of the element .\'i 
on the intergranular fracture surface shown 
on Fig. 131.
133 Auger map d is tr ibutio n of the el eme nt  P 
on the in te rgran ular fracture surface  shown 
on Fig. 131.
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Fig. 134 Seconda ry ele ct ron image from fracture 
surface of alloy 1 as shown in Fig. 131, 
in the q u e n c h e d  and tempered martensitic 
condition (heat trea tm ent B) aged for 24 
hours at 430°C.
Fig. 13 5 Energy disper sive X-ray analysis of a
particle (C) ( M  7 C 3 ), found on an i n te r­
granular surface fracture shown on Fig.
134.
Fig. 136 X-ray map for CrKcx of the region shown in 
Fig. 134.
Energy eV
Fig. 137 Positive secondar y pi on mass distrib ut ion 
of species sputtered from i nter gr anular 
fracture surface of alloy 1 in the quenched 
and tempered martensiti c c o n d i t i o n  aged for 
I ,000 hours at 430 = C .
Fig. 138 Auger analysis taken from alloy 1 in the
quenched and tempered m a r t e n s i t i c  condition
(heat treatment B) - aged for 2,160 hours at
4 3 0 °C and enjt*ri£\tl^ed-., for 16 hours at +200°C 
, j i ^   ^j V 
in hydrogen dtmosphejre.■i1 -i i1
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Energy di sp ersive  analy sis for Mn- co ntainin g 
G-phase at prior austenite boundary of alloy 
1 in the quenched and tempered mar tensitic 
condition  (heat treatment B) aged for 8,760 
hours at A 3 Q 3 C .
Auger spe ct rum taken from alloy 1 in the 
quenc h e d  and tempered marten sitic  condition 
(heat treatment B) aged for 17,520 hours
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(bi second scan,
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Fig# Auger spectrum obtai^ed^rom al^oy 5 aged for
8,760 hours at 430°C in the quenched and 
tempered martensitic condition (heat 
treatment B).
Fig. 142b Auger spectrum obtained from an intergranular
region of a surface fracture of alloy 7 in
• i
the quenched-and tempered martensitic 
condition (heat treatment B) aged for 8,760If
hours at 430°C
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Auger spectrum taken from a cleavage area of 
fracture surface of alloy 7 in the quenched 
and tempered martensitic condition (heat 
treatment B) aged for 8,760 hours at 430°C
Energy dispersive analysis of M^c particle 
extracted from alloy 9 in the as-quenched 
condition.
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Histogram showing the degree of embrittlement 
as measured by the shift in transition 
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Transition temperature curves for alloys 
8(C-4Mo) and 9(C-4Mo-Sb) for the quenched and 
tempered martensitic and isotherraally 
transformed lower bainitic condition.
Schematic representation of the relationship 
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Effect of tempering at 650°C on embrittlement 
and segregation behaviour of a Ni-Cr steel 
0.4 mass% C 0.06 mass% P, aged at 520°C. 
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Schematic representation of the mechanism of 
void growth and coalescence related to the 
upper shelf energy.
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Transition temperature curves for alloys 
4(C 3Ni) and 5(C 3NiSb) for the quenched and 
tempered martensitic and isothermally 
transformed lower bainitic conditon.
Transition temperature curves for alloys 
6(C 3Ni IMo) and 7(C 3Ni IMoSb) in the 
quenched and tempered martensitic and 
isothermally transformed lower bainitic 
condition.
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Transition temperature curves for alloys 
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condition.
Iipact energy versus temperature curves
(a) A 5% Ni steel quenched and tempered at 
620°C for 2h
(b) A 9% Ni steel quenched and tempered at 
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Transition temperature curves for alloys 
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in the isothermally transformed ferrite- 
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Transition temperature curves for alloys 
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(a) Increase in transition temperature and 
percent intergranular fracture with time 
of ageing at 520°C.
(b) Corresponding increase in the grain 
boundary concentrations of Sb and Ni. 
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Simultaneous Analysis of Fracture Surfaces by Auger and Energy Dispersive X-ray Mapping
A. Wirth, I. Andreoni and G. Gregory
Metals and Materials Engineering D e p a r tm e n t ,  Sheffield City Polytechnic,  Pond Street, Sheffield SI 1WB, U K
The grain boundary segregation of the metalloid impurities antimony and phosphorus to the prior austenite 
grain boundaries of an Fc-3.5 N i-lC r  alloy during embrittlement at 4305C has been studied by simultaneous 
Auger and energy dispersive x-ray analysis. The segregating species were found to be related to the tempering 
characteristics of the unembrittled microstructures. Initial intergranular embrittlement in a quenched and 
tempered martensite microstructure was associated with the prescence of phosphorus whereas the initial 
embrittlement in a bainitic microstructure was associated with the segregation of antimony. The difference in 
behaviour between the two microstructures has been explained in terms of site competition at the grain 
boundaries. In the case of the tempered martensite microstructure the carbon activity is reduced as a 
consequence of the formation of chromium rich precipitates at the grain boundary. Carbon activity is reduced as 
a consequence of the formation of chromium rich precipitates at the grain boundary. The reduction in carbon 
activity allowed phosphorus migration to the boundary producing intergranular embrittlement. In bainites the 
predominant precipitate MjC increased the carbon activity with a resultant decrease in phosphorus 
concentration the grain boundary and the absence of intergranular failure in the early stages o f embrittlement. 
Prolonged embrittlement of the bainites produced a low energy intergranular failure. Increased nickel and 
antimony concentrations at the grain boundaries were associated with the formation of a fine grain boundary 
precipitate low in chromium. The increased carbon activity continued to prevent appreciable phosphorus 
segregation but was not sufficient to inhibit the cosegregation of nickel and antimony.
INTRODUCTION
Much attention has been focused in recent years on the 
understanding of the relationship betw een m icro­
structure and grain boundary segregation character­
istics in a wide range of steels which fail p iem aturely  in 
an in tergranular m anner. C orrelation of the infor­
m ation obtained from m icrostructural and surface 
analytical studies has often proved extrem ely difficult 
in the past mainly because of the problem s of carrying 
out surface analysis in one electron optical system and 
then m icrostructural analysis of the fracture surface in a 
different electron optical system with the resultant 
repositional problem s that specimen transfer involved. 
Examining the com position and distribution of grain 
boundary precipitates by energy dispersive x-ray m ap­
ping techniques sim ultaneously with A uger m apping of 
the same region during depth profiling has provided the 
authors with valuable inform ation which is helping 
tow ards further improving their understanding of the 
relationship betw een precipitate com position, grain 
boundary segregated species and intergranular fracture 
characteristics of both ferritic and austenitic steels.
The aim of this paper is to relate in m ore detail the 
relationship betw een segregating species and grain 
boundary precipitate com position in a low alloy steel 
susceptible to  intergranular failure during tem pering at 
430°C.
EXPERIMENTAL PROCEDURE
The com position of the vacuum  m elted m aterial 
studied in this investigation was Fe 3.56 at % N i, 1.04 at 
% C r, 0.36 at % C , 0.24 at % M n, 0.10 at % Si, 0.06 at 
% Sb, 0.002 at % S, < 1 0  ppm  A s, < 1 0  ppm  Sn.
A uger fracture specim ens 30 mm in length and 5 mm 
in d iam eter and notched 15 mm from  one end w ere 
m anufactured from the rem ains of izod sam ples 
previously fractured at am bient tem pera tu re . T he izod 
samples had been heat trea ted  to p roduce e ither 
tem pered m artensite o r bainite and then  em brittled  
alongside each o ther for up to 2 years at 430°C.
A uger and energy dispersive x-ray analysis w ere 
carried ou t sim ultaneously on the freshly broken  A uger 
samples in a VG M icrolab 500 Simslab fitted  with a 
Link Systems energy dispersive x-ray analysis system .
A uger spectra were ob tained  using 3-20 kV  electrons 
and specim en currents o f 5-20 nA . A uger and x-ray 
m apping used a 10-20 kV electron  beam  energy and 10 
nA  specim en current. p_B
A uger m aps were processed using the ra tio  to  
minimize the effects of topography on the results.
RESULTS AND DISCUSSION
Previous exam ination of low alloy steels susceptib le to  
reversible tem per em brittlem ent (R T E ) has highlighted 
the d ifferen t low energy fracture  m orphologies
0142-2421/86/120157-05 $05.00 
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observed in em brittled  quenched  and  tem pered  
m artensites and ba in ites.1 '2
For exam ple, em brittled , quenched  and tem pered  
m artensite invariably fractures to  produce a fracture 
m orphology of in tergranular, ductile in tergranular o r 
ductile dimpling. T he am ount of each type of 
m orphology depending upon the tem pera tu re  at which 
fracture occurs. Em brittled  bain ites on the o ther hand 
rarely contain intergranular o r ductile intergranular 
m odes of failure unless the alloy contains large am ounts 
of m etalloid im purity and has been  em brittled  for 
periods of time of the o rd er o f 1000 hours. Figures 2(a) 
and 3(a) show typical exam ples of the different fracture 
characteristics of em brittled  bainites and tem pered 
m artensites.
Extensive transm ission m icroscopical studies of the
different em brittled  m icrostructures, reported  
elsew here,3 showed significantly d ifferent prior 
austenite  grain boundary  p recip ita te  types, distribution 
and m orphologies. T he au tho rs suggested that changes 
in the precip itation sequence during the tem pering of 
tem pered  m artensite and bainite  was responsible for a 
difference in the rate o f diffusion of antim ony to the 
tem pered  m artensite and bain ite  p rio r austenite  grain 
boundaries.
C learly the presence of antim ony after long 
tem pering tim es would then  p rom ote the tendency to 
in tergranular failure, hence the difference betw een the 
fracture m orphologies of tem pered  m artensites and 
bainites in the early stages of the em brittlem ent 
process. Similarly E rhart and  G rabke4 showed recently 
that the grain boundary phosphorus concentration was
Martensite embrittled 
for 24  h ot 430°CIntergranular area




for 24 h at 430°CDuctile area
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Figure 1. (a) Auger spectrum from intergranular area shown in Fig. 2(a); (b) Auger spectrum 
from ductile area shown in Fig. 2(a).
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Figure 2. (a) Secondary electron image from fracture surface of embrittled martensitic material; (b) Auger map of background signal 
for area shown in Fig. 2(a); (c) Auger map showing nickel distribution on fracture surface shown in Fig. 2(a); (d) Auger map showing 
phosphorus distribution on fracture surface shown in Fig. 2(a); (e) energy dispersive x-ray analysis of particle A on intergranular 
fracture surface shown in Fig. 2(a); (f) Cr K x-ray map for area shown in Fig. 2(a).
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dependent upon the carbide type present at the grain 
boundary. They reported  that com petition between 
carbon and phosphorus for grain boundary sites was 
I related to the bulk concentration  of free carbon. Using 
this argum ent E rhart and G rabke concluded that a 
strong carbide form er, chrom ium  reduces the carbon 
activity at grain boundaries in an F e -C -P  alloy allowing 
increased phosphorus segregations and intergranular 
failure. Conversely alloying elem ents e.g. nickel which 
increase the carbon activity ought to reduce grain 
boundary phosphorus segregation although they had no 
evidence available when going to press to confirm their 
view.
Exam ination of the A uger spectra shown in Fig. 1(a) 
and 1(b) from the in tergranular and ductile areas 
shown in Fig. 2(a) indicates that interpretation becomes 
m ore com plex when both chrom ium  and nickel are 
present because the phosphorus and carbon concentra­
tions are significantly higher on the intergranular facets 
com pared with the ductile dimplex region. Further­
m ore, exam ination of the nickel and phosphorus Auger 
m aps Fig. 2(c) and 2(d) suggests that the distribution of 
phosphorus is not significantly related  to the distribu­
tion of nickel even though the nickel concentration in 
the intergranular spectrum  is approxim ately twice the 
value in the ductile spectrum  (com pare Fig. 1(a) and 
1(b)). W hat may be of grea ter significance, and in 
agreem ent with the results o f E hart and G rabke is that 
the chrom ium  rich carbides are concentrated in the 
same area w here the phosphorus concentration is great­
est (com pare Fig. 2(d) and 2(f)).
In the case of em brittled  bainites the situation 
becomes even more complex when the low energy 
fracture changes to the in tergranular type because the 
antimony m etalloid impurity rather than phosphorus is 
associated with an increase in the nickel concentration 
on the in tergranular facets com pared with the cleavage 
region (see Fig. 3). The predom inant precipitate 
associated with the in tergranular facets contains much 
less chromium (see Fig. 3(e)) than the precipitate 
observed at the grain boundaries in the quenched and 
tem pered m aterial although the A uger peak height 
ratio Pc/PFc is similar for both bainite and tem pered 
m artensite intergranular facets.
It could be argued that the bainitic grain boundary 
precipitate which is low in chromium acts in a similar 
m anner to Fe3C in F e -C -P  alloy4 in as much as the high
carbon activity prevented  the phosphorus m igrating to 
the bainitic p rior austen ite  grain boundaries during the 
early stages of tem pering at 430°C. A ntim ony on the 
o ther hand because of its ability to form n ickel- 
antim ony precipitates and has a bulk concentration in 
the alloy of som e th irty  tim es g reater than the 
phosphorus conten t may explain why antim ony 
segregates to the bainitic prior austenite grain 
boundaries to prom ote in tergranular failure after 
extensive tem pering. It should also be rem em bered 
that the relatively clean p rio r austenite boundaries 
observed after short em brittling  times contain M 3C 
precipitates after long tem pering  tim es,'1 although there  
is no reason to suppose the carbon activity will have 
changed significantly with the precipitation of the M 3C 
at the grain boundaries. C onsequently  em brittled  
bainites w ill always fail w ith a low energy cleavage 
m ode in the early stages of tem pering because the prior 
austenite grain boundaries are relatively free from  
precipitates and segregated im purities and the interface 
betw een the large m atrix M 3C and the ferrite is a m ore 
probable area for inducing failure by cleavage.
C learly there  is a need for a great deal of further 
careful work to be carried  ou t in o rder to resolve the 
factors relating grain boundary  precipitate com position 
with the am ount and com position of em brittling grain 
boundary species if in terg ranu lar em brittlem ent is to be 
understood in m ultiphase systems.
CONCLUSIONS
Sim ultaneous A uger and x-ray m apping of fracture 
surfaces produced in situ show ed that the segregated 
species responsible for in tergranular em brittlem ent in 
an F e-3 '/2% N i— 1 a t% C r steel tem pered at 430°C was 
related to the precipitate com position at the prior 
austenite grain boundaries. Increasing the chrom ium  
content of the grain boundary  precip itate resulted in a 
decrease in grain boundary phosphorus concentration 
and an increase in the antim ony concentration.
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